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Abstract
This thesis reports the development of a new laboratory based transmission
X-ray diﬀraction technique for in-situ tensile testing of magnesium alloys.
This new methodology is applied to investigate the lattice strain evolution
during dislocation slip and {1012} twinning in magnesium AZ31 and AZ91
alloys processed by extrusion and rolling.
A laboratory based transmission X-ray diﬀraction technique was developed
to measure lattice strains along the loading direction during in-situ tensile
deformation. Instrumentation, data collection and proﬁle ﬁtting procedures
were optimised for transmission X-ray diﬀraction (XRD) measurements. A
polycapillary optics was used to produce a semi-parallel beam of dimensions
5 × 10 mm2 from a diverging point source operating at 50 kV and 40 mA.
The transmission diﬀracted beam then passes through a parallel plate
collimator and ﬂat graphite monochromator setup is recorded using a point
detector. To measure the strain resolution in transmission mode, all data
were cross-referenced with calibration data collected using the conventional
reﬂection based geometry. A strain resolution of 2 × 10−4 with a load
sensitivity of 10 MPa was achieved for in-situ tensile deformation studies of
magnesium alloys.
Tensile tests were performed along the radial direction of extruded, and
normal direction (ND) of rolled AZ31 and AZ91 alloys. The average grain
sizes of AZ31 and AZ91 extruded alloys are 6 and 15 μm, and that of rolled
alloys are 20 and 10 μm respectively. Tensile tests were also performed on
AZ91 alloys aged at 200◦C for 30 hours to study the eﬀect of precipitates
on slip and twinning. Macroscopic yielding was observed at ∼110 MPa and
∼60 MPa respectively in extruded and rolled AZ31. Upon ageing of the
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rolled AZ91 alloy the macroscopic yielding increased from 97 to 144 MPa,
and from 125 to 170 MPa in extruded AZ91 alloys.
From the measurement of the (0002), (1010), (1011), (1012), (1013) and
(1120) reﬂections, the evolution of elastic lattice strain with applied stress
was used to determine slip and twin activities in the alloys. Yielding in
(1012) and (1013) reﬂections indicated the onset of basal slip. The critical
resolved shear stress (CRSS) for basal slip was calculated from the lattice
strain at the inﬂection point of (1012) and (1013) orientations. The CRSS
varied in the range of 32-37 MPa for extruded and 20-24 MPa in rolled
AZ31 alloys. This drop in the relative CRSS values was attributed to the
smaller grain size in extruded alloy than in the rolled alloy. Upon ageing of
the rolled and extruded AZ91 alloys, the CRSS for basal slip increased by
6 and 17 MPa respectively. This was attributed to the basal precipitates
hardening against basal slip in the aged AZ91 alloy. Despite the high grain
size in the extruded alloy over the rolled AZ91 alloy, the relative increase in
the CRSS for extruded alloy was because of the inhomogeneous texture in
the extruded AZ91 alloy.
Twin reorientation was detected at the onset of macroscopic yielding. For
all samples twinning was identiﬁed by the decrease in the intensity of (0002)
reﬂections and a simultaneous increase in the intensities of (1010) and (1120)
reﬂections. Due to the strong basal texture parallel to ND of the rolled
AZ31 and AZ91 alloys, the (1010) and (1120) reﬂections were absent prior
to loading. Consequently, upon macroscopic loading of these samples twin
onset could be clearly identiﬁed by the appearance of the (1010) and (1120).
Imporantly, at twin onset these reﬂections exhibited approximately zero
lattice strain. Upon increasing load, the lattice strains in the twin reﬂections
rapidly approached and then exceeded those of the parent reﬂections. The
CRSS for 10% twinning was calculated from the lattice stress based on a
v10% drop in the intensity of (0002) parent orientations. The CRSS in the
extruded alloy is 58 MPa and for the rolled alloy it is 40 MPa. The relatively
high value for the CRSS for 10% twinning in the extruded alloy was due to
the smaller grain size compared to the rolled AZ31 alloy. Upon ageing of the
rolled and extruded AZ91 alloys, it was observed that there is an increase
in CRSS by 26 and 37 MPa in rolled and extruded alloys respectively. It is
proposed that the presence of precipitates in the aged AZ91 alloy exhibited
hardening against the twin formation.
The twin volume fraction in (0002) parent grains was calculated from the
percentage intensity changes in AZ31 and AZ91 alloys. It was observed that
the twin volume fraction remains about the same with plastic strain in all
the alloys despite the grain sizes and texture diﬀerences. However, there is
a signiﬁcant increase in the stress required for twinning in the aged AZ91
alloys. It was also observed that, once twinning begins in these alloys, it
progresses more rapidly with stress than the non-aged alloy.
The relative age hardening of twinning over basal slip is 4 times in case
of rolled alloys and 2.3 times in extruded alloys. The lower value in
the extruded case was attributed to more basal slip hardening caused by
diﬀerences in the stress state of diﬀracting grains due to texture.
The changes in twin volume fraction are explained by an analytical model
by assuming the precipitates retard growth but have a negligible eﬀect on
twin nucleation. The model explains the eﬀect of precipitates on both the
delayed onset of twinning and the rapid increase in twin fraction once it
starts.
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Chapter 1
Introduction
The demand for light weight high strength alloys as an alternative to more
traditional materials (iron and steel) has received renewed interest due
to global demand to increase fuel eﬃciency and reduce CO2 emissions in
the transport sector. Magnesium (Mg) alloys are potential candidates due
to their low density (1.8 g⁄cm3), high speciﬁc strength and high corrosion
resistance [1, 2]. Due to the low “mass requirement coeﬃcient” (a criterion
to check the weight advantage of the materials based on the strength
requirements), Mg alloys are advantageous over aluminium (Al) alloys where
bending stiﬀness, bending strength and tensile strength are important [3].
For example, hollow Mg extrusion proﬁles with thin walls of thickness
1.5 mm displayed good buckling strengths over Al alloys with added weight
advantage [3].
A challenge in the widespread industrial application of Mg alloys is
their limited ductility and poor formability. Wrought alloys processed
by thermo-mechanical treatment are preferred over cast alloys due to
their better mechanical properties. However, mechanical anisotropy
induced by preferred orientation limit the room temperature formability
1
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of these wrought alloys. Consequently, forming of Mg is usually
performed at elevated temperatures. This requirement for processing at
elevated temperatures limits their practical applicability for cost-eﬀective
product development. The fundamental challenge for improvement in
the thermo-mechanical processing of Mg alloys is understanding the
crystallographic slip and twinning response.
Based on energy minimisation requirements, Mg alloys form a
hexagonal-close-packed (hcp) structure with c/a ratio of 1.623 [4]. Due
to the symmetry of hexagonal structure, the number of easy independent
slip systems available for a homogeneous plastic deformation at room
temperature is limited 1. Slip on the basal planes occurs at low strains and
on the prismatic planes at strains above the macroscopic yielding [5–7], while
deformation twinning occurs so as to accommodate strains along the c−axis
[8, 9]. This illustrates that deformation mechanisms occur sequentially with
strain, thereby dividing the microstructure into soft and hard oriented grains
[5–7]. Therefore, the yielding of grains depends on the crystallographic
orientation of the respective families of grains and load condition.
The activation of a particular deformation mechanism depends on the strain
path, type of deformation and temperature. Due to the importance of
this strain path dependence, it is a common practice to infer the critical
resolved shear stress (CRSS) for a particular deformation mechanism from
the macroscopic yield stress. For example, tensile or compression tests are
usually performed in diﬀerent sample orientations such that the macroscopic
yielding is dominated by selected slip/ twin process [10, 11]. Then, the CRSS
is estimated by multiplying the yield stress with the average Schmid factor
for the respective deformation mechanism. The downfall of this traditional
1According to Von-mises criterion 5 independent easy slip modes are necessary for a
homogeneous plastic deformation
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methodology is that it relies on a simpliﬁed model to estimate CRSS value.
That is, the underlying crystallographic lattice strain and hence CRSS is
not directly measured.
Diﬀraction methods are highly sensitive to crystallographic structure. As
a result, elastic lattice strains imposed by thermo-mechanical processing
can be readily measured. For example, diﬀraction by neutron/ high energy
synchrotron X-rays can be used to measure the elastic lattice strains at
yielding of grains oriented favourably with respect to the applied stress
direction [12]. The strain resolution (Δd/d) that can be achieved from these
techniques is in the order of 10−4 [13] for ﬁxed wavelength experiments and
± 50 × 10−6 in time of ﬂight neutron diﬀractometers [14, 15]. Moreover,
due to limited sample preparation requirements, diﬀraction methods are well
suited to in-situ studies of strain evolution. This methodology was applied to
test the deformation behaviour of cast [16] and wrought alloys using neutron
diﬀraction [6, 7, 12, 17–21] and using high-energy X-rays [22–24]. Most
importantly, diﬀraction methods provide a direct measurement of elastic
lattice strain that can be used to develop and verify crystal plasticity models
to simulate the deformation mechanisms based on a given loading geometry.
In the light of growing interest of the light weight Mg alloys, systematic
investigations of deformation mechanisms with varying microstructure and
alloying additions would be highly beneﬁcial. However, because of the
limited availability of the large scale scientiﬁc facilities (synchrotron and
neutron facilities), sequential testing of alloys is not practically possible.
One main objective of the current work is to develop a transmission
X-ray diﬀraction technique to exploit in-situ tensile deformation studies
in the laboratory environment and ultimately realise routine testing, not
possible elsewhere. Secondly, via the application of the laboratory based
methodology, systematic studies were undertaken of Mg AZ31 and AZ91
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alloys. This lead to a systematic investigation of the CRSS for the slip and
twin activity and the evolution of twinning with applied stress.
Thesis Outline
A brief overview of this thesis is outlined in the following.
In Chapter 2, a critical review of literature on deformation mechanisms in
Mg alloys and the stress measurement by diﬀraction techniques is presented.
The objectives and the scope for the current work is discussed.
A brief description of the experimental methods and procedures used in the
characterisation of Mg alloys are given in Chapter 3.
Chapter 4 presents a strategic development of new transmission XRD
technique to perform in-situ deformation studies in the laboratory. The
data collection and analysis procedures for modelling the transmission and
reﬂection XRD proﬁles are discussed by taking an example of in-situ tensile
deformation of AZ31 rolled alloy.
Chapter 5 examines the lattice strain evolution during in-situ tensile
deformation of AZ31 alloy. Results of in-situ tensile tests on AZ31 rolled
and extruded alloys are discussed and compared with literature.
Chapter 6 examines the lattice strain evolution during nucleation and
growth of twinning in the presence of precipitates for the non-aged, aged
rolled and extruded AZ91 alloys. The ﬁndings of the change in CRSS for
basal slip and twinning are reported and discussed.
Finally, in chapter 7, conclusions and potential areas of future research are
presented.
Chapter 2
Literature Review
2.1 Introduction
Owing to the signiﬁcant instrumentation development and subsequent
application, the following literature review is divided into two sections. The
ﬁrst section describes the deformation mechanisms in magnesium alloys with
particular focus on the nucleation and growth of twins in single phase and
precipitate hardened Mg alloys. The second section presents an overview
of in-situ diﬀraction techniques for measurement of elastic lattice strain
evolution in Mg alloys.
2.2 Deformation Mechanisms in
Magnesium alloys
This section begins with a brief introduction to the crystallographic aspects
of hexagonal closed-packed (hcp) metals in section 2.2.1. This is followed
5
Chapter 2. Literature Review 6
by an overview of the deformation by slip in Mg alloys (section 2.2.2).
Section 2.2.3 presents the fundamental concepts of twinning and the
microstructure response to the deformation in the nucleation and growth
mechanisms of twinning. The eﬀect of deformation slip and twinning
mechanisms in the presence of precipitates in Mg alloys are discussed in
section 2.2.4.
2.2.1 Fundamental aspects of hcp metals
2.2.1.1 Crystal structure of hcp metals
The primitive hexagonal unit cell with lattice parameters a1 = a2 = c and
α = β = 90o, γ = 120o of a hexagonal space lattice is shown in Figure 2.1
(heavy lines). The hcp metals are double lattice structured with two atoms
in the motif. The motif contains atoms at 0 0 0 (corner of the unit cell)
and at coordinates 2
3
1
3
1
2
. This leads to the stacking sequence of ABABA...
as shown in Figure 2.1b.
A LAYER
B LAYER
A LAYER
120o
a
a
c
b)a)
120o
a
1
a
3
a
2
c
Figure 2.1: hcp unit cell
HCP metals are mainly classiﬁed based on the aspect ratio (c/a), of the
hexagonal unit cell. The ideal c/a ratio is 1.633. None of the hexagonal
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Metal Be Hf Ti Zr Mg Co Zn Cd
c/a ratio 1.568 1.581 1.5873 1.593 1.623 1.628 1.8563 1.8859
Preferred
slip plane
(0001) (101¯0) (101¯0) (101¯0) (0001) (0001) (0001) (0001)
Table 2.1: Properties of some hcp metals at room temperature [4, 25].
metals mentioned in Table.2.1, has the ideal c/a ratio. However, Mg and
Co has the c/a ratio close to the ideal.
2.2.1.2 Crystal planes and directions in hcp metals
The generic way of indexing planes by taking the reciprocals of the intercepts
of the planes on the crystallographic axes and reducing them to the smallest
integers works for hcp metals too. However, for hcp metals a four index
notation, known as Miller-Bravias notation, is commonly used. The four
index (hkil), where i = −(h+k), can also often written as (hk.l). The planes
are mainly classiﬁed as basal (0002), prismatic (hki0) and pyramidal planes
(hkin), ‘n’ being the order of the plane. Any direction in the hexagonal
prism shown in Figure 2.2 has 3 indices, U, V and W given by d = Ua1 +
V a2 +Wc, where a1, a2 and c are primitive vectors deﬁning the hexagonal
unit cell. In four index notation, the directions are written as d = ua1 +
va2 + ta3 + wc with U = u − t, V = v − t and W = w, are represented by
[uvtw] or 〈uvtw〉. The important crystallographic planes and directions are
shown in Figure 2.2. The nomenclature of the planes are described in Table
2.2.
2.2.1.3 Dislocations in hcp metals
In hcp metals, the (0001) basal plane is the close packed plane and 〈1120〉 is
the close-packed direction. The shortest lattice translation vector is 1
3
〈1120〉.
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a
1
a
3
a
2
c
(1011)
(1012)
(1013)
a
1
a
3
a
2
c
(0002)
(1120)
(1010)
[1120]
a) b)
[1010]
[1210]
[0002]
a
1
a
3
a
2
c
(1122)
(1121)
c)
Figure 2.2: Important planes and directions in hexagonal system.
Therefore, slip occurs either on basal (0001), prismatic (1010) or ﬁrst order
pyramidal planes (1011) along 〈1120〉 axis. However, as can be seen in
Table 2.1 that the choice of the preferred slip plane is diﬀerent for diﬀerent
hcp metals. According to the Peierls-Nabarro (PN) model, the PN stress
for slip is smaller for planes with largest interplanar spacings and shortest
lattice translation vectors. The lattice spacing for d0001, d1010 and d1120
are c/2, a
√
3
2
(= 0.866a) and a/2 respectively. Therefore, this model predicts
that, metals with c/a <
√
3 (where the ratio of atom densities or interplanar
spacings of prismatic to basal planes equals to unity) slip on prismatic planes
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Plane Type Order Indices Description
Basal - - (0002)
Prismatic
I 1 {1010} Parallel to diagonal axes in
basal hexagon
II 2 {1120} Perpendicular to diagonal
axes in basal hexagon
Pyramidal
I 1 {1011} Passes through edges of the
basal hexagon
I 2 {1012}
II 1 {1121}
II 2 {1122}
Table 2.2: Nomenclature of planes in hexagonal crystals.
and those with c/a >
√
3 prefer the basal plane. This fails to explain the
preferred basal slip in Be, Mg and Co [25].
The dislocations and burgers vectors in hcp metals can be described using
a bi-pyramid construction [25]. There are perfect and imperfect/ partial
dislocations. The perfect dislocations are formed by the movement of
atoms from one site to another with identical surroundings in its new
position whereas in case of a partial dislocations the atomic movement is
not necessarily from one atomic site to another. The dislocations are listed
in Table 2.3 along with their Burgers vectors, directions and the relative
energies.
The presence of partial dislocations creates some intrinsic/ extrinsic stacking
faults in the double lattice structure by disrupting the stacking sequence
ABAB. Further, the energy and the stability of these stacking faults on the
basal and prism planes and their eﬀect on the core of screw dislocations
probably accounts for the preferred slip system [25].
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Dislocation Burgers Vector Magnitude Direction Number Energy
AB a or 〈a〉 |a| 1
3
〈1120〉 6 a2
ST, TS c or 〈c〉 |c| 〈0001〉 2 c2
ST + AB c+ a or 〈c+ a〉 √|c|2 + |a|2 1
3
〈1123〉 12 11
3
|a|2
Aσ,Bσ 2
3
a1 +
1
3
a2
|a|√
3
1
3
〈1010〉 12 1
3
a2
σS, σT c
2
|c|
2
1
2
〈0001〉 4 2
3
|a|2
AS,BS 2
3
a1 +
1
3
a2 +
c
2
√
|c|2
4
+ |a|
2
3
1
6
〈2023〉 12 a2
Table 2.3: Properties of burgers vectors of some dislocations in hcp
metals [4].
2.2.2 Slip in Magnesium
The basal, prism and ﬁrst order pyramidal slips occur on (0002), (1010) and
(1011) planes respectively. The Von Mises criterion requires simultaneous
activation of 5 independent slip systems for a homogeneous plastic
deformation. The basal and prism slips or 〈a〉 type slip can provide 4 (2
each) independent slip systems. The ﬁrst order pyramidal slip (1011)〈1120〉
alone can provide 4 independent slip systems. Since this slip system can
occur as a combination of the basal and prism slip systems it is not
considered as a separate deformation mechanism [26]. None of these slip
systems can provide strains along 〈c〉. Therefore, slip along 〈c + a〉 vectors
or twinning is needed. This section gives a brief description of the slip
mechanisms that occur in Mg single and polycrystalline alloys. Twinning is
described separately in section 2.2.3.
Basal slip is the most commonly occuring deformation mechanism in both
single [27, 28] and polycrystalline Mg alloys. It occurs on the (0001) plane
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and in the 〈1120〉 direction. It is the softest of all other available slips in
Mg alloys. It occurs by the dissociation of the dislocation (AB) into two
shockley partial dislocations on the basal plane. The dissociation is given
by the equation
AB → Aσ +Bσ ⇒ 1
3
[1120] → 1
3
[1010] +
1
3
[0110] (2.1)
The critical resolved shear stress for basal slip is ∼ 0.5 MPa [29]. Because of
the low CRSS of basal slip, the activation of prismatic 〈a〉 or Pyramidal 〈c+
a〉 slip is sometimes absent. In order to study the non-basal slip modes,
tensile tests have been performed parallel to the basal plane to suppress
basal slip [8]. These studies have shown the activation of prismatic slip
at room temperature and pyramidal {1011} slip at elevated temperatures
[8]. Dislocation glide on non-basal planes occurs by the constriction of the
screw segments cross slipping from basal planes onto the {101n} planes, n
being the order of the planes [26]. Dislocation glide follows the cross-slip
model at low temperatures but constricts on the neighbouring basal plane
as the temperature is increased [30]. Stohr and Poirier [31] and Obara et al.
[32] also observed 〈c+ a〉 slip during compression along 〈c〉. Reed-Hill [33],
observed the {1122} slip bands near the notch surface of the tensile sample
during tensile test of Mg single crystals at 190◦C.
The stress-strain behaviour of textured polycrystalline Mg alloys [34] is
similar to that of the single crystals [35]. This is due to the strong textures
and the mechanical anisotropy of the wrought rolled alloys. Figure 2.3
shows the stress-strain curves of both single and polycrystalline pure Mg by
plane-strain compression. It is clear from Figure 2.3 that the shape of both
the single and polycrystalline alloys are similar except for the low degree
of anisotropy in the textured polycrystalline samples. Kelly et al. [35] did
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not ﬁnd any 〈c + a〉 slip in their experiments. Yoo [36] and Agnew et al.
[37] found extensive 〈c + a〉 slip in Mg-Li alloys, which led to enhanced
ductility. There are six independent slip systems for {1122}〈1123〉〈c + a〉
slip. Though single crystal experiments did not show much of 〈c + a〉
slip, polycrystalline Mg alloys seems to exhibit this slip mode especially
when deformation twinning is restricted [5, 38]. For example, the molecular
dynamics simulations of nanocrystalline Mg by Kim et al. [38] and the
polycrystal plasticity modelling by Agnew et al. [5] predicted the activation
of 〈c + a〉 slip to accommodate strains along 〈c〉 due to the suppression of
twinning with decreasing grain size in the former and a strain path that
suppresses tensile twinning in the latter.
Figure 2.3: Plane-strain compression of pure Mg single crystals (a) and
textured polycrystal (b) tested in diﬀerent directions [34, 35]
.
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2.2.3 Twinning
Hcp metals deform mainly by twinning in order to accommodate strains
along 〈c〉. Magnesium like other hcp metals readily twins on {1012} planes.
There are additional twin deformation modes on {1011},{3034}, {1013},
{1124}, {1014}, {1015}, {1121} planes [8]. A twin is regarded as a region
formed by the reorientation of the parent crystal by a simple shear. It thus
produces a shape change. The four major twinning elements K1, η1, K2, η2
are shown in Figure 2.4. K1, the ﬁrst invariant plane is the habit plane
for twinning and η1 is the twinning shear direction contained in K1 ; the
second undistorted plane K2 is the conjugate plane to K1. While K1 does
not change its shape, the plane K2 becomes K
′
2 upon twinning along η1, the
plane of shear S. The line of intersection of the plane of shear with K2 and
K ′2 are η2 and η
′
2 respectively.
a)
120o
a
1
a
3
a
2
c
b)
η
 1
η
 2
Κ
 1
Κ
 2
‘
‘
Figure 2.4: Schematic diagram showing various twinning elements.
For example, in the case of {1012} twinning, K1 = {1102}; K2 = {1102};
η1 = 〈1101〉; η2 = 〈1101〉. Plane of shear = {1210} and s = (γ2−3)31/2γ , γ, being
the c/a ratio of the hcp lattice [39]. The value of s for {1012} twinning in
Mg is 0.13.
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Twinning is polar. For example, twinning on the (1012) plane produces
a shear along [1011] but not along [1011]. This leads to asymmetry in
the mechanical properties. The tension-compression asymmetry in case of
extruded AZ31 alloys is shown in Figure 2.5. The reduced yield stress and
the yield elongation during compression is the result of twinning [9, 39, 40].
In single crystal experiments by Kelly and Hosford [34], twinning continues
up to ∼ 5-6% deformation. In polycrystalline alloys, Muransky et al. [12]
have shown that the twinning occurs at least till 5% of deformation in coarse
grained ZM20 alloy. However, it appears that the nucleation happens for
the ﬁrst 2% deformation in ﬁne grained alloys [12]. In the following sections
a brief summary of the mechanisms for the formation and the growth of
twins in Mg are presented.
Figure 2.5: Stress strain curves of extruded AZ31 alloy tested in
tension and compression along ED [41].
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2.2.3.1 Zonal twinning dislocations
The nucleation and the growth of the twins in hcp metals can be understood
in terms of the formation and migration of the line defects between the
twinned and the untwinned crystals [25]. Such line defects are also called
interfacial defects or zonal dislocations. These are the disconnections that
are formed at the twin interface to accommodate the misﬁt [25]. Shuﬄing
of the intervening atoms occurs in order to maintain the symmetry of the
crystal structure (Figure 2.6). These are characterised by the step height
nd and the corresponding burgers vector nbt [42] (which is equal to the
diﬀerence of the lattice translation vectors that form the step [25]). The
shear zone in these zonal dislocations usually extends over more than one
atomic plane and the characteristic twinning shear is given by (s = b
h
).
Figure 2.6: Possible atomic displacements for {1012} twin formation
in hcp alloys. No shuﬄes occur out of page [43].
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2.2.3.2 Twin growth mechanisms
Twin growth occurs by lengthwise growth in η1 and widthwise thickening
in the direction normal to the K1 twin plane [42]. Cottrell and Bibly [44],
ﬁrst proposed a pole mechanism for twin growth for cubic metals and later
Thompson and Millard [45] applied it to the case of hcp metals. Yoo [42]
described the {1012} twin growth mechanisms based on the energetics of the
gliding dislocations in diﬀerent hcp metals. According to the pole model,
the growth of a twin is ascribed to the interaction of lattice dislocations
with a single twin dislocation. Serra and Bacon [46–48] had shown that the
twin growth in hcp metals can occur even without a pole or dislocation
multiplying mechanism. Using atomic-scale computer simulations, they
studied the interaction of basal and prism screw/ edge dislocation with
the twinning boundary for various twin boundaries. They found that
a gliding perfect basal 〈a〉 dislocation decomposes at the {1012} twin
interface into interfacial defects that include mobile twinning dislocations
[42]. These defects in the twin interface also provide additional sources for
the generation of twinning dislocations[48].
2.2.3.3 Twin nucleation
Twin nucleation occurs by the dissociation of perfect dislocations into
glissile twinning dislocations [45, 49–51]. Such dissociation however require
regions of high stress concentrations [50, 51], at the grain boundaries [52].
Capolungo and Beyerlein [49] used simulations to show that dislocation pile
ups at grain boundaries could cause lattice dislocations to dissociate into
partials to create twinning dislocation loops. Stable twinning fault loops
are formed only by the dissociation from basal 〈a〉 pileups but not from
prismatic pileups. Later, using atomistic simulations, Wang et al. [53, 54]
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showed that the nucleation of a twin does not occur only by the dissociation
of partials but rather requires the simultaneous formation of the partial ‘bn’
and a set of twinning dislocations. In Mg, ﬁrst a stacking fault is created
by the glide of the partial dislocation ‘bn’. A subsequent glide of twinning
dislocations creates a (1012) twin with an odd number of layers thick. They
had shown that the monolayer twin as suggested by the pole mechanism
is energetically unstable. An energetically favoured twin nucleus is formed
when there are at least 9 atomic layers in the twin [53].
Nucleation of twinning in hcp alloys is probabilistic in nature [55, 56].
Microstructural observations by Beyerlien et al. [57] show several features
regarding the nucleation of twinning from a grain boundary. Observations of
the misorientations between the adjoinning twins crossing a grain boundary
show that the nucleation is more favourable near low angle boundaries.
Wang et al. [55], using atomistic simulations showed that the grain
boundary dislocations (GBD) at symmetric tilt grain boundaries (STGB)
can interact with lattice dislocations to produce various twin orientations
depending on the misorientation of the STGB. The nucleation kinetics
for actual grain boundaries depends on producing twin partials by stress
concentrations at the boundary. The key factor is the critical stress required
to convert GBDs to twin partials [56].
Twins can also be formed near other twin boundaries. For example, in the
case of double twinning, {1012} twins are formed within {1011} twins.
Experimentally, the detection of the onset of twin nucleation is rather
diﬃcult. Muransky et al. [12] combined in-situ deformation and acoustic
emission (AE) technique in a neutron beam and separated the twin
nucleation and growth events by combining AE with neutron diﬀraction.
They observed that the twin nucleation in ﬁne-grained (FG) alloy happens
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at strains below 1.5%, whereas in coarse-grained (CG) alloy it happens
progressively over a larger strain range [58].
2.2.3.4 Inﬂuence of Back-stress on twin nucleation and growth
The formation of a twin involves a reorientation of a part of the parent
grain by the process of a shear. This causes a redistribution of local stresses,
generating forward and back stresses in the vicinity of the twin. The forward
stresses act at the tip of the twin and back stresses in the twin interior arise
due to the constraints imposed on the twin by the surrounding matrix [41].
The direction of these backstresses are shown schematically in Figure 2.7.
Figure 2.7: Schematic representation of back stresses acting on a
twinned grain [20].
The back stresses acting on the twin by the parent and by the surrounding
grains play an important role in the nucleation and growth stresses in the
twin. As it is seen in section 2.2.3.2, twin thickening occurs by the lateral
movement of twinning dislocations over the twin interface. In order for the
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twin to grow, the local shear stress on the twin plane should be more than
the CRSS for twin disloction glide. If the back stress becomes too large,
this stress is not attained and the twin ceases to grow [41].
Back stresses alter the local stress state in the twin at the onset of twin
nucleation [20, 24, 59]. Clausen et al. [20] measured the lattice strains in
parents and twins using in-situ neutron diﬀraction. They observed tensile
microstrains in the newly nucleated twins during compression perpendicular
to the twin plane. Such reversal in the lattice strain is transient and
immediately follows the onset of macroscopic deformation. The eﬀect has
been attributed to the rapid decrease in the stored energy during the onset
of twinning [58]. This results in an overshoot in the lattice strain in the
twinned orientation by inducing a sharp local stress reversal in the twins.
Figure 2.7b shows such back stresses that act on the grain and along the
twin boundaries from its surrounding medium. They modelled the lattice
strain in the new twin by assuming a ﬁnite stress in the newly born twin.
The model is known as ﬁnite initial fraction (FIF) model included in the
crystal plasticity code. Such stress reversal in the newly born twin was
however not observed by Muransky et al. [12].
Aydiner et al. [59] used a 3D high energy X-ray diﬀraction technique to
probe the individual grains and twins during an in-situ test. They found
that the shear stress on the twin plane in the shear direction is signiﬁcantly
lower than the shear stress in their parents. They also observed a stress
reversal in the newly formed twin variants. Barnett [41] suggested that
if the stress reversal in the new twins is real this would be possible only
by assuming steep stress gradients within the twin volume rather than a
constant stress value across the inclusion. Such has been recently reported
by Balogh et al. [60] from the stress gradients in the twin observed by
synchrotron analysis.
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As discussed above, the back stress acting on the twin plane not only
changes the local stress state of the newly born twin but also seems to aﬀect
the twin volume fractions during strain path changes during deformation.
These back stresses that are acting on the twin boundary are observed to
shrink the twin upon unloading of the loaded sample [21, 61]. The eﬀect of
shrinking twins might be expected to be greater in ﬁne grained alloys where
there is more misﬁt strains between the parent and the twin parts of the
grain [12]. In some occasions, complete removal of the twins were observed
during unloading [62, 63]. Caceres and co-workers [64, 65] observed a large
hystersis in the loading-unloading stress-strain curves due to partial reversal
of {1012} twins. Using in-situ neutron diﬀraction Muransky et al. [21]
quantiﬁed that approximately 3% of the twinned volume disappears during
unloading. Lee et al. [66] recently reported that 70% of the twinned volume
got detwinned during compression perpendicular to 〈c〉, but only 10% of
the twins were recovered during tension along 〈c〉. However, the detwinning
fraction calculated from the total volume fraction of twins before unloading
was about 3-4%, which is in agreement with Muransky et al. [21].
2.2.3.5 Twin modes in Mg
Tensile twinning forms by the reorientation of basal poles by ∼ 86.3o during
c−axis extension, whereas during c−axis compression, compression twins
forms on {1011} and {1013} planes along 〈1210〉 by reorienting the basal
poles by∼ 56o and∼ 64o respectively [28, 67–69]. At higher applied stresses,
a tensile twin {1012} forms within the {1011} compression twin to create a
{1011} − {1012} double twin pair [34, 69–71]. Nave and Barnett [69] have
shown that in addition to the ∼ 86.3o misorientation relationship between
{1012} twin and the matrix, there are additional orientation relationships
between individual {1012} twins. These are observed as the local maxima
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in the misorientation plots obtained from their EBSD investigations on
plane-strain compression samples. Figure 2.8 shows the EBSD image of
all the aforementioned twins in the microsctructure.
{1012}
{1011}
Tensile twin`
Compression twin
Double twin
Figure 2.8: EBSD microstructure showing the twin types in Mg
deformed by plane-strain compression. (Reproduced from Nave et al.
[69])
Barnett et al. [72] showed that signiﬁcantly high work hardening and
more uniform elongations can be achieved if twinning can be formed in
tension. Hong et al. [73] studied the twin variants that are formed during
compression along RD (IPC) and tension along ND (NDT) strain paths in
rolled alloy. From EBSD investigations, they found that all the six twin
variants are likely to form during NDT but only one twin per twin variant
pair is possible during IPC. During NDT, due to the intersection of diﬀerent
twin variants with high misorientation angles, the growth of the twins were
limited. Whereas, during IPC signiﬁcantly thicker twins were observed.
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2.2.3.6 Schmid factor and CRSS
The Schmid law is the basis for understanding the activation of various
deformation mechanisms in magnesium and its alloys [74]. The CRSS
required for activation of a deformation mechanism is given by
τ = m˜ : σ˜;
Where m˜ = sym(b˜ ⊗ n˜) and mij = 12(binj + bjni), the Schmid tensor.
Deformation of particular slip/ twin generally occurs in grains where Schmid
factor is high.
Using a Taylor approach, Barnett et al. [75] determined a CRSS of 32 MPa
for tensile twinning. Agnew et al. [18] used Visco-Plastic Self-Consistent
(VPSC) crystal plasticity approach and reported a CRSS value for twinning
of 15 MPa [18] for Mg-Li alloy. Using Elasto-Plastic Self-Consistency
(EPSC) approach by modelling the lattice strain data, Agnew et al. [5, 6, 16]
reported a CRSS of 30 MPa for AZ31 rolled alloy during TTC or IPT (grain
size ∼ 50 μm)[5] and extruded alloys during compression along ED (grain
size ∼ 10 μm) [6], 85 MPa for Mg-Y-Nd-Zr alloy [16].
The Taylor and VPSC approaches are based on the best ﬁt parameters to the
macroscopic stress-strain curves. More accurate estimates of the CRSS can
be made from the lattice stress-strain data obtained from in-situ diﬀraction
investigations [5–7, 12, 16, 20]. Gharghouri et al. [17] using in-situ neutron
diﬀraction, determined the CRSS for tensile twinning to be ∼ 70 MPa for
extruded Mg-7.7at.%Al alloy. Using extended EPSC modelling, Clausen
et al. [20] reported a CRSS for tensile twinning to be 60 MPa for 10 μm
extruded AZ31 alloy and Muransky et al. [12] reported 28 MPa for ﬁne
grained (17 μ m) and 13 MPa for coarse grained (114 μ m) ZM20 alloy. A
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review of CRSS values reported for Mg alloys are listed in Table 2.4. The
diﬀerent CRSS values reported for twinning depends on the solute element,
texture (spread of basal poles), strain path, grain size and the model used
to determine the CRSS.
Microstructural investigations by Beyerlein et al. [57] have revealed some
interesting ﬁndings about the CRSS for the nucleation of twinning. They
observed that the Schmid law is obeyed for twin growth. However, it
appears that twin nucleation does not hold for the Schmid law. As can be
seen in Figure 2.9, twins occurred in grains not only favourably oriented
for twinning but also in those with low Schmid factors, which are not
ideally oriented for twinning. This can be understood by considering
the misorientation changes between the grain of interst that is favourably
oriented for twinning and its neighbours. A twin in a grain can nucleate a
twin in its neighbour even it is not ideally oriented for twinning. The variant
of which is selected by the neighbouring twin in a probablistic manner. This
would further indicate that the resolved shear stresses associated with the
twin nucleation in neighbours can be diﬀerent to the macroscopic stress
multiplied by the Schmid factor.
2.2.3.7 Crystal plasticity predictions of CRSS
Crystal plasticity models were used to simulate the macroscopic stress-strain
curve and to estimate the CRSS values for various deformation modes in Mg
alloys [5, 75, 76]. The Taylor model [75] to study the deformation behaviour
of hot rolled AZ31 alloy assumed identical strain rates in all grains. The
Visco-plastic self-consistent (VPSC) models [5, 76] which are based on
Schmid factors and the Voce hardening law was applied for explaining the
deformation behaviour of Mg alloys. However, as discussed previously, the
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Figure 2.9: The fraction of tensile twin variants over the total number
of twins as a function of Schmid factor for twinning in the parent grain
[57].
basal slip occurs with low CRSS at stresses below macroscopic yielding.
Moreover, due to the presence of both soft and hard oriented grains, the
inﬂection points that is observed at diﬀerent lattice strains indicates the
activation of selective deformation mechanisms (i.e., sequential activation
of deformation modes). The Taylor or VPSC models cannot account for
the microplasticity (plasticity in some group of grains below macroscopic
yielding). Therefore, in order to consider the orientation dependent
lattice strain evolution in soft and hard oriented grains, Elasto-Plastic Self
Consistent (EPSC) models were developed [6, 20]. In the EPSC model,
each grain is treated as a elliptical inclusion in a homogeneous eﬀective
medium (HEM). The HEM has the properties of the average of all the
grain orientation that constitutes the alloy which can be calculated by an
input texture to the model. The elastic lattice strains and the macroscopic
stress-strain curve can be ﬁtted by adjusting the parameters in an extended
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Voce law, given by
τ = τo + (τ1 + θ1γ)[1− exp(−θoγ
τ1
)] (2.2)
where τ is the reference shear strength, τo is the CRSS, θo and θ1 are the
initial and ﬁnal hardening rates respectively, γ is the accumulated shear
strain on the slip plane. The CRSS for the grains that undergo plastic
deformation can be found by adjusting τo, to ﬁt the elastic lattice strain data
plotted against the applied stress. The CRSS values calculated for various
deformation modes in Mg alloys using diﬀerent crystal plasticity models
are depicted in Table 2.4. The hardening parameters can be adjusted to
determine the strain hardening of the macroscopic stress-strain curves.
Clausen et al. [20] introduced reorientation and stress relaxation schemes
in the EPSC code to account for the relaxation in twinning at its onset.
The total volume fraction of the grain was kept constant by simultaneously
transferring the volume fraction from parent to the twin. The increment in
the twin volume fraction is given by
δwtwin =
δγtwin
Stwin
, δwparent = −δwtwin (2.3)
where δw is the increment in the volume fraction of twin or parent, S = 0.13
[4] is the characteristic shear for tensile twinning assuming a ﬁnite initial
fraction (FIF) to the newly formed twin. The stress in the new twin with
volume fraction f o attains a ﬁnite value based on the interaction between
the parent and twin parts and the back stress that is acting on the twin by
the parent. The eﬀect of such a back stress can lead to overshoot in the
lattice strain in the twin.
Material Processing Model
CRSS Grain size
Basal slip Pyramidal
slip
Prismatic
slip
Tensile
twin
μm References
AZ31B VPSC 30 90 15 25-100 Agnew2001 [18]
Mg-3Li VPSC 10 80 25
Mg-1Y VPSC 10 170 25
AZ31 Rolled VPSC 10 55 60 30 50 Agnew2003 [5]
AZ31 Rolled Taylor 5 32 23 Barnett2003 [75]
AZ31 Rolled Sachs 50 100 35 7 Barnett2006 [77]
AZ31 Extruded EPSC 12 60 100 60 10 Clausen2008 [20]
AZ31 Extruded EPSC 30 85 95 35 5 Muransky2008 [7]
Z5 Extruded AR VPSC 18 54 18 30 Stanford2009 [10]
Z5 Aged VPSC 20 140 80 30
AZ91 Rolled Orowan 5 25 25 70 Stanford2012 [11]
ZM20 Compression FG EPSC 12 38 60 28 17 Muransky2010 [12]
ZM20 Extruded CG EPSC 2 18 25 13 117
ZM20 Tension FG EPSC 12 53 65 28 17
ZM20 Extruded CG EPSC 2 55 80 13 117
Mg-Y-Nd-Zr
(WE43)
Solutionized EPSC 12 78 130 85 82 Agnew2013 [16]
Mg-Y-Nd-Zr
(WE43)
Peak aged EPSC 30 86 130 85 82
Mg-Y-Nd-Zr
(WE43)
Overaged EPSC 37 92 130 82 82
Table 2.4: CRSS values for various deformation modes in Mg alloys.
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2.2.4 Inﬂuence of precipitates on the slip and
twinning mechanisms of Mg alloys
The presence of precipitates alters the tension-compression yield asymmetry
of wrought Mg alloys [11]. Age hardening of Mg-Zn alloys increases the
tension-compression asymmetry [78], while it is reduced in the age hardened
Mg-Al-Zn system [79–81]. The reduction in the tension-compression
asymmetry in the latter case is due to the hardening of twinning over the
prismatic slip by the precipitation of Mg17Al12 precipitates in AZ80 [81] and
AZ91 [11] alloys. The behaviour of yield asymmetry can be understood by
studying the hardening against diﬀerent slip systems as a function of the
evolution of precpitate shape, size, aspect ratio, inter-particle spacing and
the crystallographic orientation relationship with the matrix during the age
hardening of Mg alloys [82–84]. The eﬀect of the precipitate hardening
mechanisms on slip and twinning deformation mechanisms is described
below.
2.2.4.1 Precipitates and slip
The most common precipitate geometries that are observed in Mg alloys
are basal plates, basal rods and prismatic plates. While the geometrical
orientation of the precipitate with respect to the matrix determines the
hardening of the basal or prismatic slip system; the inter-precipitate spacing,
aspect ratio and number density of precipitates predict the stresses required
for the respective hardening mechanisms to occur.
Clark et al. [79] reported that the presence of Mg17Al12 precipitates
in an aged Mg-9%Al alloy, promoted the cross-slip by prismatic slip.
Prismatic slip was also observed by Gharghouri et al. [85] in Mg-7.7%Al
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alloy, when a propogating twin front was deviated while approaching the
elastically deforming precipitate. The basal plate geometry in those two
alloys is not eﬀective in hardening basal slip. The prismatic rods, which
are perpendicular to basal planes in Mg-Zn system also were not able to
strengthen the basal slip system. This was due to the widely separated
bigger particle size. Therefore, in addition to the geometry of the precipitate
particle, the particle size and inter-particle spacing need to be engineered
to attain good age hardening response in Mg-Al and Mg-Zn systems.
Celotto [84] observed diﬀerent variants of continuous precipitation on
basal plates in AZ91 alloy. In addition to the basal plate precipitates,
he also observed rod or lath shaped precipitates lying perpendicular or
at an angle to the basal plane. A maximum increase in the hardness
(∼ 80%) was observed when long lath shaped basal plate precipitates
are formed in the cast AZ91 alloy aged at 100◦C for approximately a
year. The poor hardening response of the alloy was due to the relatively
low number density of continuous precipitates when compared with many
age-hardenable aluminium alloys [84]. This suggests that appropriate
geometry, distribution and dimensions of the precipitates are important to
obtain a good hardening response in Mg alloys.
The strengthening of basal and prismatic slip mechanisms were therefore
developed by taking into account the dimensions and the precipitate spacing
of Mg alloys that obstruct the glide of slip dislocations near the obstacles.
Nie [82] and Robson et al. [83] have developed the Orowan hardening
equations for diﬀerent precipitate geometries to describe the strengthening
of the basal and prismatic slip systems respectively. An increase in the
Orowan strength is achieved by decreasing interparticle spacing, increasing
the volume fraction of precipitates and by changing the aspect ratio of the
precipitate particles. Figure 2.10 shows the change in the Orowan strength
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for basal slip and prismatic slip for diﬀerent precipitate geometries as a
function of particle diameter. Orowan hardening was able to describe the
strengthening due to slip satisfactorily, while it understimates the hardening
due to twinning [11].
Figure 2.10: Orowan stress required for the basal slip a) and prismatic
slip b) to bypass particles of diﬀerent shapes [83].
From the CRSS values calculated for basal and prismatic slip activities using
Orowan hardening mechanism, VPSC and EPSC simulations (Table 2.4),
the following conclusions can be made. The basal plates/ rods in the aged
AZ80 and AZ91 alloys, and prismatic rods in Z5 and Z6 alloys are shown
to be weakly impeding the basal slip but could signiﬁcantly strengthen
the prismatic slip [10, 11, 81, 86]. The prismatic orientation of β1 and
β prismatic plates in WE54 alloy (Mg-Y-RE) signiﬁcantly hardened the
basal slip system [87]. It is interesting to note that despite the signiﬁcant
hardening against basal slip in Mg-Y system, the precipitate particles are
coarsely distributed with relatively small aspect ratio [82].
Recently, Agnew et al. [16] studied the hardening of slip systems using
in-situ neutron diﬀraction of the solution treated, peak aged and over-aged
Mg-Y-Nd-Zr (WE43) alloy. They found a signiﬁcant strengthening (over
150% from solutionized to peak aged condition) in the basal slip and a
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moderate strengthening (∼ 18%) in the prismatic slip. With the over-ageing
of the alloy, further increase in the basal slip CRSS was observed (about
200% over solutionized condition). The increase in the CRSS for basal
slip was attributed to the continued nucleation of precipitates and a
simultaneous increase in the aspect ratio of the prismatic plate precipitates
in WE43 alloy [16].
2.2.4.2 Precipitates and {1012} twinning
The nucleation of the tensile twin is either enhanched [11, 88], suppressed
[79], or in some cases little hardening [89] was observed in the presence
of precipitates. The inﬂuence of precipitates on {1012} twinning is brieﬂy
discussed below.
The ability of the precipitates to interfere with the growth of the twin is
important, as it happened to harden the deformation modes selectively
depending on the applied load direction, the precipitate geometry, the
alloying element and the stress partitioning between the precipitate, twin
and the matrix. In Mg-9%Al alloy, Clark [79] reported that the growth of
the {1012} twin is resisted by the precipitate plate. The twins enveloped
the precipitate rather than shearing them. Gharghouri et al. [85] observed
that the twin deviated its habit plane by cross-slip when approaching a
precipitate of size comparable with twin. Very thin twins are stopped
near the particle-twin interface and are nucleated back at the far end of
the precipitate. Thicker twins engulfed the precipitate particle. When the
precipitates intersected with the twin, a full rigid body rotation was observed
in the Mg17Al12 precipitate in Mg-7.7%Al alloy [85]. The Mg-Y system,
which exhibited signiﬁcant hardening against basal slip poorly hardens the
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twinning [16, 90]. This was due to the precipitate geometry not ideally
oriented to block the twinning dislocations.
The growth of the twin in the presence of precipitates is accompanied by
the increase in the stress in the matrix. This is due to the rigid precipitates
producing back stresses that opposes the applied deformation. The back
stresses generated by the precipitates are important as they limit the growth
of the nucleated twins [11, 83]. The rigid precipitate particles do not shear
but undergo rigid body rotation by ∼4◦. This produces misﬁt strains at
the precipitate and shearing matrix interface [83]. In order for the twin to
grow, these stresses needs to be accommodated by some plastic deformation
thereby relieving the back stresses. Due to the low CRSS for basal slip, it
is likely to occur to accommodate the misﬁt. However, if the precipitate
in the twin is highly eﬀective to inhibit slip then less back stresses are
relieved thereby increasing the stress required for twin growth. Note that
the precipitates in the matrix grain of AZ91 are initially basal plates but
within the twin they are nearly parallel to prismatic planes (c−axis plates).
This geometry has a high probability for hardening due to slip in the twin.
This would probably increase the stress required for twin growth [11, 83, 91].
2.2.5 Summary
In the review of literature above, the nucleation and growth mechanisms of
tensile twins in single phase AZ31 alloys and in the presence of Mg17Al12
precipitates in Mg-Al-Zn system during twin dominated deformation are
reviewed. A reversal in the stress of the order of ∼ 2000 με was found at the
onset of twin [20]. However, some other researchers [12, 17, 19] did not ﬁnd
such a reversal in the stresses. In addition, twins are formed with relaxed
stresses. In the presence of precipitates, the hardening of slip and twin
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systems depend on the precipitate morphology. The back stresses generated
by precipitates inﬂuences the twin nucleation and growth mechanisms in
Mg alloys. Twin nucleation is enhanced in Z5 alloy, where they are mostly
limited by growth in AZ91 alloy.
2.3 Lattice Strain Measurements by
Diﬀraction
In-situ measurement of lattice strain by diﬀraction methods has been central
to elucidating the impact of twinning on internal strengthening in alloys.
In this section, the fundamental concepts of lattice strain measurement by
diﬀraction methods are reviewed in Section 2.3.1. Section 2.3.2 presents the
experimental set-up for in-situ determination of elastic lattice strains. This
is followed by a qualitative review of the stress measurements in metals and
alloys with diﬀerent crystal structures in Section 2.3.3. Finally, the lattice
strain evolution in hcp Mg alloys are critically reviewed in Section 2.3.4.
2.3.1 Fundamental concepts
Diﬀraction occurs when X-rays of wavelength (λ) falls on a sample, the
X-rays scatter from the plane of atoms with lattice spacing, d(hkil), given by
Braggs law:
2d(hkil)sinθ(hkil) = nλ (2.4)
Where θ(hkil) is the Bragg angle of diﬀraction for a particular (hkil) reﬂection
and n is the reﬂection order.
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In response to an applied load, the lattice spacing of the material changes.
The lattice strain (ε(hkil)) that is experienced by a particular (hkil)
reﬂection/ plane during in-situ loading of any alloy is determined using
the equation,
ε(hkil) =
(d(hkil) − do(hkil))
do(hkil)
(2.5)
Where do(hkil) is the reference lattice spacing, from which the lattice spacing
of (hkil) orientation is changed. Ideally this is calculated from the strain
free lattice parameter (ao) of the alloy system [92].
2.3.1.1 Types of lattice strain and measurement
The diﬀerential deformation that metals experience when subjected to
external loads will in general result in stresses that vary according to
length scales [93]. Dye et al. [93] reviewed the type of residual stresses
that are observed in metals. Figure 2.11 shows a schematic representation
of the length scale of those stresses. Using a bulk diﬀraction analysis
it is possible to quantify the evolution of these stresses in a subset of
grain orientations (family of grains contributing to the diﬀraction). Type-I
stresses are macroscopic residual stresses depends on the macroscopic
changes in the material. These can be readily measured by the shift in
the peak positions from the strain free reference positions. Micro-stresses
arise due to “diﬀerential plastic deformation” are often referred to as
Type-II stresses. The mutual interaction between the grains, say during the
yielding of a certain family of grains before other, or, due to precipitation
of secondary phases, will lead to the lattice strain variations that yields
Type-II stresses. These create intergranular strains. Further the presence
of dislocations, second phase particles, and misﬁt stresses, lead to local
distortions in crystal lattice are the measure of type-III stresses [93].
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Frequently, the type-III stresses are measured by the X-ray diﬀraction
(XRD) investigations of the deformed alloys. In Mg alloys, ex-situ
characterisation of the dislocation densities [94] and volume fraction
of twins [11] were performed using postmortem XRD analysis. Such
postmortem measurements of the samples, however, is not ideal for
accurately estimating the evolution of stress in the alloy in response to
the applied deformation. Alternatively, the in-situ determination of lattice
strains provide a convenient way to study the deformation of individual
family of grains oriented with respect to the applied stress experimentally.
This enables us to understand the elastic and plastic behaviour of metals
and alloys and determine the CRSS for the activation of deformation
mechanisms.
Figure 2.11: Length scale of stresses in metals [93].
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2.3.1.2 Conventional stress measurement - sin2ψ method
In the laboratory X-ray environment, residual stresses are measured using
the so-called sin2ψ method [95, 96]. Figure 2.12a shows the coordinate
system for stress measurements, following the convention in [95, 97]. The
stress measurement is performed by tilting the sample in sample reference
frame ( S1, S2, S3) with respect to the laboratory reference frame ( L1, L2, L3).
L3 is along the normal to the diﬀracting planes. Of particular interest is to
determine the stresses in the direction deﬁned by φ and ψ (Figure 2.12a).
Where ψ is the tilt angle between L3 and S3.Then, the fundamental equation
for the strain measurements by X-rays is given by [95]
(ε′33)φψ = ε11cos
2φsin2ψ + ε12sin2φsin
2ψ + ε22sin
2φsin2ψ
+ ε33cos
2ψ + ε33cosφsin2ψ + ε23sinφsin2ψ
(2.6)
Where primed and unprimed are respectively the strains in laboratory and
sample reference frames. When ε13 and ε23 = 0, in the near-surface region,
the equation 2.6 reduces to a linear equation given by
εφψ =
(dφψ − doφψ)
doφψ
= {ε11cos2φ+ ε12sin2φ+ ε22sin2φ− ε33} · sin2ψ + ε33
(2.7)
The strain component in sample orientation φ and ψ can then be determined
by plotting the lattice spacing (dΦΨ) against sin
2ψ, as shown in Figure 2.12b.
The intercept of Eq. 2.7 gives the normal strain component.
Using this technique, one can not directly measure the strain component
at angles, ψ=90◦. As will be discussed in Chapter 4 this methodology
cannot be applied to measure the normal stress in the twinning orientation
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that are formed during in-situ testing of hcp alloys.The measurement of
such strains requires the beam to be transmitted through the bulk sample.
Therefore, such measurements are usually carried out by the radiations that
can penetrate through the sample such as neutron and high energy X-ray
beams.
2.3.2 In-situ measurement of Elastic Lattice Strains
The in-situ measurement of elastic lattice strains was exploited to investigate
the lattice strains along the applied load direction. Typically, this
requires a high-energy synchrotron X-ray or neutron experiment to achieve
the adequate sample penetration. In the ﬁrst part of this section the
experimental set-up for neutron diﬀraction was brieﬂy reviewed. The
interpretation of the measured elastic lattice strains is given in the second
part of this section.
a) b)
d
sin2ψ
Figure 2.12: a) Illustration of laboratory (Li) and sample (Si)
coordingate system and b) lattice spacing (d) plotted against sin2ψ for
determining stress [95].
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2.3.2.1 Experimental set-up for lattice strain measurements
Figure 2.13 shows the schematic experimental setup to measure elastic
lattice strains (lattice strains along loading direction) used at neutron
facilities [15]. The high penetration of neutrons through the bulk
sample makes it ideal for in-situ deformation studies. The two kinds of
conﬁgurations that are used in neutron experiments are constant wavelength
and time of ﬂight techniques.
In a constant wavelength experiment (Figure 2.13a) that are most common
in reactor sources, a monochromatic wavelength is incident on the sample
gauge. The diﬀraction occurs by transmitting through the specimen. The
scattering vector of the diﬀracting planes is aligned parallel to the loading
axis. In this conﬁguration, both the sample and detector moves in a θ-2θ
arrangement. Due to the relatively weak intensities of the incident beam
in the reactor sources, individual peaks are counted for required times to
achieve speciﬁed uncertainties in deriving the peak centre position [13]. The
time required for measurement can be caluclated using the equation given in
[13]. Therefore, this scanning technique is time consuming. Depending on
the intensity of the diﬀraction peak, individual peaks were usually measured
from 10 min to approximately an hour. The scan times can be reduced
signiﬁcantly by using a time of ﬂight technique. The schematic diagram
of time of ﬂight set up is shown in Figure 2.13b. In this conﬁguration,
the sample is ﬁxed stationary at 45◦ angle to the polychromatic incident
neutron source at a spallation source. Two energy dispersive detectors are
mounted on both sides of the sample perpendicular to the incident beam.
Diﬀraction occurs by transmitting through the sample (parallel detector)
and also by reﬂection (perpendicular detector). The two detectors are used
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to probe scattering vectors parallel (-90◦ detector) and perpendicular (+90◦
detector) to the loading direction.
a) b)
Figure 2.13: Schematic of the experimental setup for lattice strain
determination a) constant wavelength [98] and b) time of ﬂight
conﬁgurations [5].
2.3.2.2 Illustration of elastic lattice strains
The deformation behaviour of a particular family of grains depends on the
stiﬀness and orientation of the grains with respect to the applied stress axis.
Illustrated in Figure 2.14 are the elastic lattice strain responses from three
diﬀerent grain families A, B and C, with macroscopic applied stress [7].
For an elastically isotropic material, all the grains exhibit a stiﬀness that is
equal to the macroscopic Young‘s modulus. (e.g., A and B in Figure 2.14).
However, in the case of elastic anisotropy, grains displayed a varied elastic
stiﬀness response (e.g., the C grain families exhibit more stiﬀness than
A and B grains in Figure 2.14). With a further increase in the applied
load, depending on the orientation of the grain with respect to applied load
direction, yielding will occur. So called soft grains, cease to accommodate
lattice strains. As these grains yield, the load is shed to the relatively harder
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Figure 2.14: Schematic representation of lattice strain response of grain
orientations A, B and C (see text) with macroscopic applied stress [7].
grains. In Figure 2.14, B grains yield ﬁrst and grains A and C take the load
by accumulating more lattice strains in them.
The evolution of lattice strains, as described above, leads to the generation
of intergranular strains. The intergranular strains in a particular family of
grains is given by ΔεL = ε
p
L − εelL , where εpL is the elastic lattice strain in
plastic region and εelL is the elastic lattice strain in the elastic region [99].
In addition to grain orientation dependent stresses, interphase microstresses
occur when there is a diﬀerential deformation between two diﬀerent phases
in a multi phase alloy. This eﬀect was investigated in metal matrix
composites such as Al-SiC [100, 101] and alloy systems such as Brass
[102, 103] and Mg alloys [16, 17]. Figure 2.15 shows a schematic illustration
of the load partitioning between a relatively compliant matrix and stiﬀ
precipitates. In the elastic region, the matrix and the precipitate both
strain according to their respective stiﬀness constants with the ratio of
stresses in the matrix and precipitate always constant [99]. As the matrix
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yields, increased load is carried by the precipitate. This results in signiﬁcant
residual stresses upon unloading.
Residual stress
Figure 2.15: Schematic illustration of the load partitioning between
the matrix and precipitate phases in metal matrix composites [99].
2.3.3 Strain evolution in various crystal structures
As discussed, the diﬀerential plastic deformation in diﬀerent families of
grains lead to intergranular stresses. This section reviews the evolution
of intergranular strains/ stresses during in-situ investigations of fcc alloys
[104–110], bcc Mg17Al12 phase [17] and in hcp alloys [5–7, 12, 17, 111–114].
The following review of the literature in this area is conﬁned to the loading
response in the bulk matrix.
2.3.3.1 FCC alloys
Clausen et al. [104] studied the elastic lattice strain variations for fcc
aluminium, copper and stainless steel alloys. Figure 2.16 shows the elastic
lattice strain variations for aluminium and copper. The strain redistribution
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in stainless steel and copper is similar except that the stress is higher in
stainless steel. Due to the relatively weak elastic anisotropy of aluminium,
the lattice strain response of all the grain families are nearly parallel.
Diﬀerent slopes in the elastic lattice strains in the elastic region of copper
(also stainless steel) are due to their elastic anisotropy. In the plastic regime,
the lattice strain behaviour of the orientations diverge, signifying the large
plastic anisotropy.
In the alloys which are elastically anisotropic, e.g., copper, nickel and
stainless steel, i) tensile intergranular strains develop in {002} grains, ii)
compressive intergranular strains in {220} and iii) minimal intergranular
strains in {111} and {113} [93, 99] plane normals along the load direction.
On the other hand, in aluminium with relatively weak elastic anisotropy,
tensile intergranular strains develop in {111} and compressive intergranular
strains in {002} planes perpendicular to load direction.
In multi-phase alloys such as Waspaloy, large intergranular strains are
developed in precipitates at large plastic strains more than 2%, while the
intergranular strain accumulation in the matrix saturated[99].
a) b)
Alluminium Copper
Figure 2.16: Elastic lattice strain response to the applied stress for
aluminium and copper alloys [104].
Chapter 2. Literature Review 42
2.3.3.2 HCP alloys
The evolution of residual intergranular stresses were studied in hcp Zircaloy
[115–117], Be [112], Ti alloys [113, 114, 118, 119], Mg [5, 17]. Zircaloy
exhibits anisotropic thermal properties. MacEwen and co-workers studied
the evolution of residual stresses during the cooling of annealed Zircaloy
with rod-texture and also during uniaxial deformation [115, 117]. Due to the
thermal anisotropy of zircaloy and diﬀerent thermal expansion coeﬃcients
along basal and prismatic planes, tensile intergranular stresses were observed
to develop in basal planes and to maintain grain compatibility compressive
stresses across the prismatic planes (Figure 2.17a). During uniaxial tensile
loading the compressive intergranular strains were observed to develop in
(0002), (1015), (1014) and (1013) while tensile intergranular stresses were
found in (1010), (1011) and (1012) plane normals perpendicular to the rod
axis. Figure 2.17b shows the evolution of such intergranular strains. An
order of magnitude diﬀerence in the residual strain evolution in hcp Zr
when compared with fcc alloys was also identiﬁed.
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Figure 2.17: Evolution of longitudinal residual strains in basal and
prismatic planes during a) cooling and b) as a function of plastic strain
in an uniaxial deformation [117].
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2.3.4 Strain evolution in hcp Mg alloys
In-situ neutron diﬀraction was exploited to investigate various slip and
deformation twinning events in wrought AZ31 [5–7], ZK60 [120] and cast
WE43 [16] alloys. Due to the thermo-elastic isotropy and mechanical-elastic
isotropy of Mg alloys, they are ideal candidate materials to study the
plastic anisotropy during in-situ loading. This technique further provided an
experimental basis for the development of crystallographic plastic models to
simulate the microstructural changes in response to the applied load. This
section reviews the slip and twin events in Mg alloys with the help of lattice
strain evolution during in-situ deformation.
2.3.4.1 Deformation by slip
As reviewed in Section 2.2, Mg alloys deform by slip on basal (0002) planes,
Prismatic {1010} and Py2nd{1122} planes. In an in-situ measurement
these can be identiﬁed by inﬂections in the elastic lattice strain data.
According to literature, in-situ deformation studies were carried out on
cast and wrought Mg alloys. Agnew et al. [16] studied the lattice
strain evolution in a randomly textured chill cast WE43 alloy. Figure
2.18 shows the axial lattice strain variations as a function of true stress
obtained during in-situ compression of Mg-Y-Nd-Zr (WE43) alloy. Due
to compressive forces perpendicular to the diﬀracting planes, negative axial
lattice strains are recorded as shown in Figure 2.18a. In the random textured
solutionized WE43 alloy, microscopic and macroscopic yielding occurred at
∼ 60 and ∼ 150 MPa respectively. The plasticity in various orientations
can be observed by the inﬂection points which indicates the activation of
certain deformation mechanism. The {1012} and {1011} grain families
microyield because they are soft, while the load is shed to (0002) and {1120}
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grains witnessing the increase in the lattice strain accommodation. At the
macroscopic yielding, an inﬂection in the {1120} grains was observed and
attributed to the activation of some deformation mechanism. Using crystal
plasticity modelling, they found that the deformation is dominated by basal
slip in the microplastic region and by prismatic 〈a〉 slip in the plastic region.
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Figure 2.18: Axial lattice strain evolution in a weak textured WE43
alloy [16] and strong textured AZ31 alloy [7].
Unlike cast alloys, wrought alloys exhibit strong textures and
signiﬁcant tension-compression asymmetry (see section 2.2.3). As
a result, in experiments performed in tension along ED [6, 7],
thickness-through-compression (TTC) and in-plane tension (IPT) of rolled
alloy [5] slip is dominated and no twinning can be formed. Figure 2.18b
shows the elastic lattice strain plotted against applied stress for tension
along the extrusion direction in AZ31 alloy [7]. As described in Figure 2.13b,
the axial/ parallel detector records the lattice strains along the applied load
and the perpendicular detector shows the lattice strains perpendicular to
the applied load. In response to the tensile forces acting perpendicular to
lattice planes, the lattice strains in parallel detector (‖) are positive and
in transverse detector (⊥) are negative. It can be seen that the {1012} ‖,
{1122} ‖ and {1011} ‖ grain families exhibit yielding due to basal slip.
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While these grains yield, the {1010} ‖, {1120} ‖ and {2021} ‖ grains take
more load and become hard orientations. Similar results have also been
reported for in-plane tension of rolled AZ31 alloy [5].
2.3.4.2 Deformation by twinning
In-situ neutron diﬀraction was ﬁrst applied by Gharghouri et al. [17] to
study lattice strain evolution during tensile twinning in textured Mg-7.7%Al
alloy. They performed tension and compression tests such that tensile
twinning is favoured during in-situ loading. It was found that the resolved
shear stress on the twin plane varies between 65-75 MPa. Given the error in
the stress measurements ∼ 10 MPa, they concluded that a CRSS criterion
holds for twinning in Mg alloys.
Clausen et al. [20] performed in-situ neutron diﬀraction studies during
compression along ED of extruded AZ31 alloy. Due to the strong basal
texture perpendicular to the loading direction, the (0002) peak was absent
during elastic loading of the alloy. At macroscopic yielding (∼ 110 MPa),
due to the reorientation of basal poles by ∼ 86.3◦ the (0002) reﬂection
corresponding to twinning appeared in the axial detector. Interestingly,
large tensile strains (∼ 2000με) were observed in the twins when compressive
forces are acting on them. This was accounted for an overshoot process
due to the back stress acting on the twin by the deforming matrix and
surrounding medium (see section 2.2.3.4). Conversely, several other studies
[12, 17, 19, 21] did not ﬁnd such reversal in the stresses (Figure 2.19b) in
their experiments on AZ31 and ZM20 alloys. The lattice strain in the newly
formed twins in these studies always followed the sign of the applied load.
The main diﬀerence between the experiments by Clausen et al [20] and
Muransky et al. [12] could lie in the methodology employed to ﬁnd
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a)
b)
Figure 2.19: Lattice strain evolution during uniaxial compression along
ED [20, 21].
the do values. In an alloy which is relatively strain free, Clausen et al.
[20] found a standard deviation of 2.5 × 10−4 in d-spacings between the
axial and transverse detectors. Therefore, the ratio of the d-spacings in
the transverse detector was used to determine the lattice spacing for the
unknown reﬂections in the axial detector. Whereas, Muransky et al. [12]
performed a full pattern ﬁtting by Rietveld reﬁnement to extrapolate the
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lattice spacing of the missing reﬂections from the reﬁned lattice parameters.
It is important to note that in-situ neutron diﬀraction is a bulk process. The
diﬀraction from a small fraction of the nucleated twins results in a peaks
of very low intensities. The determination of the accurate peak position is
quite uncertain from the low intensity peaks.
Muransky et al. [12] studied the lattice stress at the onset of twinning in
ﬁne (FG) and coarse-grained (CG) ZM20 alloy. They found that the twin
nucleation stress is signiﬁcantly higher (∼ 75 MPa) in ﬁne grained alloy than
in its coarse-grained (∼ 30 MPa) counterparts. At its onset, the twins in
FG appeared more relaxed than in the CG alloy. This was attributed to less
microslip associated with twinning in FG alloy and larger misﬁts between
the parent and twin parts of the grain. The two grain sizes used in this work
were 17 μm and 114 μm for FG and CG respectively. Muransky et al. [12]
also performed in-situ compression of AZ31 alloy with a grain size of 5μm,
which is less than the grain size of 10μm in Clausen et al. [20]. It appears
that from the experiments by Muransky et al. [12] the lattice strain in the
twins are always relaxed with the sign of the applied load irrespective of
alloy grain size.
Chapter 2. Literature Review 48
2.4 Summary of Literature Review and
Scope of Current Work
1. Traditionally, in-situ deformation studies are performed in high energy
synchrotron sources and neutron beam lines. The availability of these
facilities is limited for routine analysis. With the recent advancements
in the X-ray optics there is a potential for developing the technique
to perform similar studies in the laboratory environment itself. This
research work is mainly focussed on the development of procedures and
methodologies to perform in-situ deformation studies in a conventional
laboratory X-ray environment.
2. As discussed in Sections 2.2.3.4 and 2.3.4.2, there are deﬁnitely some
contradictory results reported in literature on the lattice stress in
the twins at its onset. The accurate determination of twin stress is
necessary to understand the micro-mechanical deformation behaviour
of Mg alloys. This is also of fundamental importance to develop the
crystal plasticity models. Therefore, a careful investigation of the twin
stress measurement is carried in this work using in-situ transmission
X-ray diﬀraction.
3. In the literature, in-situ tensile studies were performed in compression
along ED of extruded alloy or in-plane compression in rolled aloy.
Signiﬁcantly high work hardening rates and uniform elongations
can be achieved if the twinning can be formed in tension [72].
Further, the size, shape and twin fraction also depends on the
strain path of deformation [73]. Very little is known about the
micro-mechanical deformation behaviour during twin dominated
tension tests. Therefore, in this work, we studied the evolution of
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lattice strains during tensile twinning in tension along ND of rolled
and along the radial direction in extruded alloys.
4. To the best of our knowledge, there are only two reports [16,
17] available which addresses the eﬀect of precipitates on the
strengthening of slip and/ or twinning in Mg alloys using in-situ
diﬀraction. The current research focuses on studying the eﬀect of basal
plate precipitates on the evolution of elastic lattice strains during slip
and twinning processes in a AZ91 alloy.
Chapter 3
Experimental methods
This chapter presents a brief review of the experimental techniques used in
the characterisation of magnesium alloys. The two alloys investigated in this
thesis are AZ31 and AZ91 alloys. The alloy AZ31 was commercially obtained
in both extruded and rolled forms. Whereas the commercially purchased
cast AZ91 alloy was processed by rolling and extrusion. The rolling mill
and the extrusion rig used are described in Section 3.2. The mechanical
characterisation details are depicted in Section 3.3. The sample preparation
procedures for metallography and in-situ tests are given in Section 3.1. The
optical and electron microscopes used for microstructural characterisation
are explained in Sections 3.4.1 and 3.4.2 respectively.
3.1 Sample preparation - Metallography
For metallographic investigations, small sections of the samples were cut
using a diamond cut-oﬀ wheel on a Struers Accutom cutting machine.
Then, the samples were ground using 600 and 1200 grit SiC abrasive
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papers followed by ﬁne polishing using 6 and 3 μ m diamond suspension.
The polishing procedure was ﬁnished by polishing using colloidal silica
suspension for approximately 3 mins. The samples were ﬁrmly cleaned
with water and ethanol after every polishing step. The samples are then
immersed in ethanol for ultrasonication to remove any loose silica particles
on the surface.
For optical microscopy observations of AZ31 alloys, the samples were etched
using acetic picral solution (6g picric acid, 100 mL ethanol, 5 mL acetic acid
and 10 mL water).
For Electron Backscatter diﬀraction (EBSD) analysis, the samples were
slightly etched using 5% Nital solution (95 mL ethanol and 5 mL HNO3)
following the polishing steps above.
No etching was done on the samples that were imaged using Backscattered
Electrons (BSE) in Scanning Electron Microscope (SEM).
The in-situ tensile samples were immersed in a continuously stirring
5% Nital solution for approximately 4-5 minutes to clean the tensile sample
surface prior to the in-situ test. After chemically cleaning, the samples were
rinsed in ethanol.
3.2 Material processing techniques
3.2.1 Rolling
Hot rolling was performed on a Dinkel (DIMA) 2-high reversing rolling mill
in Deakin University (Figure 3.1). Two rolls of 350 mm diameter were
rotating symmetrically with a surface speed of 16m/ min. The maximum
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capacity of the rolling mill is 200 tonnes. The sample with initial thickness,
ti is transferred from the furnace and placed in between the rolls in less than
5 sec. If tf is the thickness of the sample following rolling, the thickness
strain on the sample is given by the following equation.
ε = ln(ti/tf) (3.1)
Figure 3.1: Rolling mill.
The AZ91 alloy discussed in Chapter 6, was hot rolled at 400
◦
C from
70.3 mm to 31.4 mm to a total strain of 0.81 with 0.022 strain per pass. After
every rolling pass, the alloy was re-heated for approximately 10 minutes.
After the ﬁnal pass, the rolled plate was quenched in water. The average
grain size after the ﬁnal pass is ∼ 10 μm.
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3.2.2 Extrusion
A laboratory extrusion rig housed in a servo-hydraulic testing frame is
used for this purpose. The maximum load capacity of the extrusion rig is
350 kN. Figure 3.2 shows the schematic representation of the extrusion rig
[121]. The extrusion billet was coated with Molybdenum-disulphide (MoS2)
lubricant to reduce the friction between die and billet. The billet and the
die were placed in a container heated with 4 heating elements embedded in
the container wall [121]. The billet was pressed using a stem through the
die. The cross-section of the billet was reduced from φ60 to 30 mm. The
samples were air cooled following the extrusion.
Figure 3.2: Schematic representation of the extrusion rig [121].
The main challenge, as will be discussed in Chapter 4, is to obtain the
extrusion with 30 mm diameter and a grain size less than 20 μm to perform
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a transmission X-ray diﬀraction experiment (Chapter 4). It is diﬃcult
to achieve this grain size straight from the cast structure in single pass
extrusion. Therefore, the cast alloy was processed prior to extrusion by
the rolling process described above. Following extrusion there is not much
change in the grain size but the sample attained extrusion texture. A
detailed description of the microstructure and texture following extrusion is
discussed in Chapter 6.
3.3 Mechanical testing
3.3.1 Conventional tensile testing
Tensile tests were performed on a 30 kN Instron tensile testing machine
equipped with a 30 kN load cell. The tensile sample was held by the top
and bottom jaws of the Instron tester as shown in Figure 3.3 a. The jaws
are driven by the “Blue-Hill” software which records the test parameters
such as Extension, Strain and Force. Flat tensile samples with a gauge
volume of 10×5×1.5 mm3 and with a gauge length of 10 mm (Figure 3.3b)
were loaded in tension at a strain rate of 10−3/s. The two fudicial markers
(Figure 3.3a) placed on the gauge section of the tensile sample are traced
by a high resolution video extensometer to measure the tensile strain during
the test. The macroscopic stress is calculated from the force read by the
load cell during the test divided by the initial cross-sectional area of the
sample.
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Figure 3.3: a) Mechanical testing in 30 kN Instron tensile tester and
b) the tensile sample dimensions.
3.3.2 Hardness measurements
The hardness of the non-aged and aged AZ91 alloys was measured using the
Future-tech fm-700 Microhardness tester. Indentations were made using a
square-base diamond pyramid indenter. If L (mm) is the average length
of the diagonals (L1 and L2) of a square indent then the Vickers hardness
number (VHN) is given by [122]
VHN =
2P sin(θ/2)
L2
(3.2)
Where P is the applied load = 0.1 kg and θ is the angle between the opposite
faces of the pyramid = 136◦.
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3.4 Microscopy
3.4.1 Optical microscopy
An Olympus DP-70 optical microscope was used to image the
microstructures of the etched AZ31 alloys. The captured images were
processed using ImageJ software [123] for calculating grain size.
3.4.2 Scanning Electron Microscopy
The morphology of the precipitates in aged AZ91 alloys were studied using
the Backscatter Electron (BSE) imaging in a Zeiss Supra 55VP ﬁeld emission
SEM operating at 20 keV. Due to the strong atomic number contrast
of the backscattered electrons, one can readily distinguish the Mg17Al12
precipitates from the Mg matrix.
3.4.3 Electron Backscatter diﬀraction
The EBSD scans were performed to measure the micro-texture of the
alloys. A ﬁeld emission LEO 1530 SEM equipped with the HKL Technology
Flamenco data collection software was used. Large area scans were collected
using an aperture size of 60 μm, accelerating voltage of 20 keV, working
distance of 8-16 mm and step size of 0.5-1 μm was used. The collected
scans were analysed using the HKL Channel 5 software.
Scans were always collected such that the extrusion direction (ED) or normal
direction (ND) is along the instrument Y-direction during the measurement.
The data is visualised by plotting the Y-direction Inverse Pole Figure (IPF)
maps in the hkl software. An example ED IPF map for extruded AZ31
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Figure 3.4: Y-direction inverse pole ﬁgure map of extruded AZ31 alloy
collected with step size of 1μm.
alloy is shown in Figure 3.4. It can be clearly seen from the ﬁgure that
most of the grains are coloured in blue and green. From the IPF in the
ﬁgure, this corresponds to the grains whose < 2110 > and < 1010 > is
along the vertical axis (parallel to Y) or ED in the microstructure. This is
in agreement with the characteristic extrusion texture.
Chapter 4
Development of a laboratory
XRD system for in-situ tensile
loading experiments
4.1 Introduction
This chapter describes the procedures and methodologies utilised for
developing the transmission X-ray diﬀraction technique to perform in-situ
tensile testing of Mg alloy materials. The experimental objective for
the transmission diﬀraction geometry is to optimise the elastic lattice
strain sensitivity. This precision then provides unique capabilities to
extract the bulk modulus, onset of dislocation slip induced yielding and
elements of the stress/ strain state encountered during twin nucleation
and growth. To obtain precise starting conditions for the lattice strain
measurements, the data collection and instrument calibration procedures
are optimised to accurately determine the lattice parameters of the Mg
unit cell. In order to validate this, data were also collected in reﬂection
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mode using conventional Bragg-Brentano (BB) geometry. The unit cell
lattice parameters and interplanar spacings calculated are compared for
both experimental geometries. This is done to ensure that the same angular
and strain precision can be achieved in this new transmission geometry.
The fundamental properties of the reﬂection and transmission geometries
are reviewed in sections 4.2 − 4.4. The in-situ tensile setup for performing
a transmission X-ray diﬀraction experiment is described in section 4.5. This
is followed by the optimisation of data collection procedures for transmission
XRD measurements in section 4.6. Calibration of the instrument in both
reﬂection and transmission geometries is given in section 4.7. The unit cell
parameters from the two geometries are compared and validated in section
4.7.5. Finally the reproducibility of the transmission X-ray measurements
are discussed in section 4.9. The calibrated instrument parameters are
then used in the data analysis of AZ31 and AZ91 alloys to obtain strain
resolutions of ±2.2×10−4 during in-situ tensile loading in chapters 5 and 6.
4.2 General powder diﬀraction
measurement geometry
Diﬀraction is a scattering phenomenon. When a beam of X-rays (typically
in the wavelength range of 0.1 - 100 A˚) are incident on plane of atoms,
scattering is observed. This scattering of X-rays is described by Braggs
law, which relates the wavelength (λ) of the incident X-ray beam to the
interplanar atomic distance (d). Bragg diﬀraction is given by
nλ = 2dsinθ (4.1)
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where θ is the Bragg angle and n is the order of the diﬀracted reﬂection
(0001), (0002), (0003), etc. By diﬀerentiating equation 4.1. with respect to
θ, we obtain a measure of the strain sensitivity, given as
Δd
d
= −cotθΔθ (4.2)
This cotθ dependence means that maximum sensitivity is obtained at high
2θ angles. Consequently, conventional residual stress measurements are
usually performed at high 2θ angles.
Powder X-ray diﬀraction measurements are conventionally performed in the
para-focusing or Bragg-Brentano (BB) geometry. A schematic illustration
of the experimental arrangement is shown in Figure 4.1. Following the
standard convention, X-ray instrumentation on the source side is referred
to as the incident beam optics while optics on the detector side is referred
to as the diﬀracted beam side. In BB geometry, X-rays from a divergent
line source pass through a set of Soller slits and a divergence slit where
the beam divergence is deﬁned by the width of the divergence slit. The
plane containing the source, detector and the normal to the sample surface
is called equatorial plane (Figure 4.1). X-rays diﬀracted from the sample
passes through a set of anti-scatter slits and are refocussed onto the receiving
slit. The anti-scatter and the receiving slits limit the equatorial divergence
of the X-ray beam. X-rays then pass through a set of Soller slits and then
are refocussed on the detector by by a curved graphite monochromator. The
soller slits placed on both the incident and diﬀracted beam side limit the
axial/ vertical divergence of the X-rays, whereas the monochromator helps
in suppressing the Cu Kβ wavelength and reducing the eﬀect of ﬂuorescence
from the optics.
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Figure 4.1: Schematic illustration of diﬀraction in reﬂection mode using
BB geometry [124].
4.3 Need for the transmission diﬀraction
experiment
A reﬂection geometry provides d− spacings and therefore strains
perpendicular to the surface. In an in-situ tensile test, these strains are
of less interest for the present study, than those on planes perpendicular to
the loading direction. This requires an alternate transmission experimental
geometry (see Figure 4.2). In the case of wrought magnesium alloys, this
measurement conﬁguration provides a distinct advantages; in this material
tensile twinning occurs when a tensile load is applied along < c > and the
basal poles are reoriented by ∼ 86.3◦, [67]. In transmission diﬀraction mode,
the c−axis of the family of grains that are aligned along the applied load
direction contribute to diﬀraction (Figure 4.2).The normal strain component
of the (1010) diﬀracting reﬂections can be obtained from the twinned regions
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[12]. This permits the strains to be compared for the parents and the twin
orientations.
Incident beam
<c>
(0002)
(0002)
{1010}
Load direction
Parent
Twin
Parent
Figure 4.2: Schematic illustration of the observation of twinning
behaviour in a transmission geometry. The diﬀracting planes are shaded.
4.4 Transmission of X-rays through Mg
An important consideration for a transmission diﬀraction experiment is the
attenuation of X-rays; they must pass through the entire sample. A general
measure of this attenuation can be determined from the following expression,
which gives the intensity of transmitted X-rays:
I(t) = I(0)e−μt (4.3)
where μ is the linear mass attenuation coeﬃcient which is dependent on
the X-ray wavelength (μ = kρλ3Z3), t is the thickness of the material, I(0)
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is the incident beam intensity of X-rays, ρ and Z are density and atomic
number of absorber [125].
Due to the penetrating properties of neutrons and high energy X-rays
available from synchrotron sources, experiments in transmission geometry
are relatively straight forward for a wide variety of materials. However,
X-rays from conventional laboratory sources exhibit signiﬁcantly lower
energies. For instance, Cu Kα corresponds to an energy of 8.04 keV whereas
synchrotron X-rays of the order of 70 keV are readily obtained.
The transmission of X-rays through Mg in the energy range of 5 keV to 30
keV is shown for diﬀerent thicknesses in Figure 4.3. Only approximately 1%
of the incident X-rays can transmit through a 700 μm thick specimen for Cu
Kα radiation (8.04 keV). As shown in Figure 4.3, for the same thickness, the
fraction of X-rays penetrating the sample increases with increasing energy.
Accordingly, nearly 60% of X-rays can penetrate the same thickness based on
Molybdenum (Mo) X-rays (17.46 keV). Although obvious transmission gains
are achieved using a higher energy characteristic radiation, the available
upper limit on the applied tube voltage can limit these eﬃciency gains
due to a drop in emitted intensity 1. However, Figure 4.3 suggests that
reasonable transmission may be obtained in thin) 200 μm samples.
Moreover, the attenuation equation (Eq.4.3) does not take forward Bragg
scattering (Eq.4.1). Constructive interference obtained during transmission
serves to increase the intensity of the Bragg peaks. As will be seen in the
following this eﬀect enables high quality diﬀraction data to be obtained in
adequate times for samples of 700 μm thick. This is advantageous because
thicker samples have higher number of grains which aids in obtaining
1That is, the characteristic intensity of X-rays depends on the over voltage, given by
(V − Vk)1.4, where Vk is the characteristic voltage of the respective X-rays. Therefore,
based on an applied voltage of 50 kV, the intensity from Cu Kα is ∼ 187, whereas from
Mo Kα this is only ∼ 131.
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uniform peak shapes. For good mechanical stability suﬃciently thick
samples are also preferred.
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Figure 4.3: The theoretical percentage transmission of X-rays through
Mg for diﬀerent thicknesses according to photon energy [126].
4.5 Transmission in-situ loading
The in-situ tensile stage and the Panalytical XPert PRO MRD
XL diﬀractometer employed to perform transmission in-situ loading
experiments in the present work is shown in Figures 4.4a and b resectively.
The tensile stage is mounted on a linear translation xyz stage (XL,YL,ZL)
ﬁxed to the diﬀractometer θ circle. The coordinate system is deﬁned such
that ZL comes out of the page as shown in Figure 4.5. The tensile stage was
originally designed for reﬂection measurements and required modiﬁcation
for transmission X-ray diﬀraction experiments.
Tensile samples were machined from the rolled AZ31 alloy as shown in
Figure 4.6a. The tensile sample coordinates given in (Xs,Ys,Zs) reference
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Figure 4.4: a) A modiﬁed 5 kN tensile stage from Deben mounted on
b) the Panalytical XPert PRO MRD XL X-ray diﬀractometer.
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Figure 4.5: Schematic illustration of the experimental conﬁguration
utilised for transmission in-situ loading XRD.
frame shown in Figure 4.6 is along (ND,TD,RD) specimen coordinates. The
volume of the tensile gauge section is 10 × 4 × 0.7 mm3. The dimensions
of the in-situ tensile sample are shown in Figure 4.6b. The load is applied
along the Xs− axis. The incident and diﬀracted beam lie in the Xs − Ys
plane. The tensile sample was clamped on the load cell end and the other
end was held by a pin arrangement (Figure 4.4a). The two pins on either
side of the tensile sample self-align the sample to the X-ray beam when a
uniaxial tensile load is applied. This provides a highly reproducible position
of the sample with respect to the X-ray beam for successive measurements,
as discussed in section 4.9. A hole was cut in the gauge section of a tensile
sample (Figure 4.6a) and ﬁlled with the standard reference LaB6 powder for
calibration, as discussed in section 4.7.4.2.
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Figure 4.6: Schematic diagram illustrating a) the orientation of the
tensile samples for in-situ tests cut from a rolled alloy and b) the
dimensions of the tensile sample.
The tensile stage is controlled by Microtest v6.0 software from Deben
instruments. The sensitivity of the load cell is ± 5 N and the extensometer
is ± 4 μm (DEBEN UK Ltd., Suﬀolk, UK). A nominal load of ∼ 10 N was
applied on the sample initially. The samples were then loaded in a constant
strain mode in steps of 10 μm extension at an extension rate of 0.02 mm/
min. At a given extension/ strain, the sample was held for the necessary
time to collect the diﬀraction proﬁles.
4.6 Optimisation for transmission XRD
The Panalytical diﬀractometer (Figure 4.4b) is equipped with poly-capillary
optic on the incident beam side and with a parallel plate collimator (PPC)
and monochromator setup on the diﬀracted beam side. Figure 4.5 shows a
schematic representation of the applied experimental geometry. This section
describes the incident and diﬀracted beam optics and the optimisation
of experimental parameters to perform in-situ loading experiments in
transmission mode.
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4.6.1 X-ray source and polycapillary optic
The X-ray source size is controlled by the orientation of the Cu X-ray
tube either in point or line focus mode. The X-ray source in line focus
is 0.4 × 12mm2 whereas in point focus it is 0.4mm2. The poly-capillary
(PC) optic consists of an array of capillaries of diameter approximately 5μm
formed together with a round cross-section conﬁgured in a parabolic shape
(Figure 4.7). As shown, X-rays from a point source incident on the optic
with an acceptance angle of 3.5◦, undergo total external reﬂection to produce
a semi parallel beam. The poly-capillary optic creates a parallel beam
of X-rays. For example, if the conventional line focus mode is employed,
only X-rays from a small portion of the line source can enter the optic,
thereby resulting in a signiﬁcant intensity loss (Figure 4.7). Therefore, point
focus in conjunction with the poly capillary optic yields a considerable gain
in X-ray ﬂux. Accordingly, semi-parallel beams necessary for the applied
transmission geometry are produced by combining the point source of X-rays
with the poly-capillary optic (Figure 4.7a).
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Figure 4.7: Schematic representation of poly capillary optic in a) point
focus and b) line focus mode highlighting the acceptance solid angle of
the optic.
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4.6.2 X-ray source power
The generation of characteristic X-rays depends on the current, i, and the
applied over voltage, (V − VK), above the critical excitation voltage, VK , of
the anode material [125]. For the characteristic K line, the intensity (IK) is
given by
IK = Bi(V − VK)n (4.4)
Where B is a proportionality constant. The value of the constant n is
1.5 [125]. According to Eq. 4.4, the intensity increases linearly with the
current but exhibits a polynomial dependence with the over voltage. The
intensity of the (0002) reﬂection collected at diﬀerent applied current and
voltage settings is illustrated in the Figure 4.8. As shown, the intensity
of the (0002) reﬂection increases accordingly with the applied voltage and
current. To optimise the signal to noise ratio and to keep necessary count
times to a minimum, 50 kV and 40 mA (2.0 kW) was found to be the best
power settings for all loading experiments, where the maximum power of
X-ray tube is the standard 2.2 kW.
4.6.3 Divergence cross-slit assembly
Downstream from the X-ray source, the cross-slit assembly (divergence slit)
deﬁnes the width and height of the incident X-ray beam. The slits have a
maximum dimension of 10 mm in both horizontal and vertical directions.
However, due to the Gaussian nature of the X-ray beam exiting the PC
optic the eﬀective beam width was limited to 7 mm about the centre of the
slit system [127]. In order to fully irradiate the central position of the gauge
section, the horizontal slit which deﬁnes the height of the beam along ZL,
was kept wide open but the X-ray beam width was controlled by adjusting
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Figure 4.8: Intensity of (0002) reﬂection with X-ray source power.
the vertical slits along XL. The in-situ experiments are performed using the
slit dimensions 10 × 5 mm2. Figures 4.9a and b demonstrate the intensity
variations in the transmission diﬀraction peaks of AZ31 alloy with diﬀerent
slit dimensions. It can be seen in both the ﬁgures that more counts in the
reﬂections are achieved with larger beam dimensions.
4.6.4 Parallel plate collimator
The parallel plate collimator (PPC) consists of a set of parallel foils
perpendicular to the equatorial plane of the diﬀractometer (see Figure 4.1).
The acceptance angle of the foils (0.27◦) limits the equatorial divergence of
the diﬀracted beam. Downstream of the PPC there is provision to place a 0.1
mm wide collimator slit. This slit allows the beam from only a single set of
parallel plates, used to increase the angular resolution of the diﬀractometer.
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Figure 4.9: Transmission XRD proﬁles of AZ31-extruded alloy with
diﬀerent spot sizes a) with and b) without collimator slit.
The raw X-ray diﬀraction proﬁles from a Mg sample for two diﬀerent spot
sizes with the collimator slit in place and removed are shown Figures 4.9a
and b respectively. It is evident from the ﬁgures that the intensities of
the scans with a collimator slit in place are signiﬁcantly less than that
with the open PPC. Due to poor counting statistics, measurements with
the collimator slit in place were discontinued. Conversely, good signal to
noise and much better peak shape can be achieved with reduced count
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times without the single 0.1 mm collimator slit (Figure 4.9b). Moreover, as
discussed in the following, precise peak positions could be reliably obtained
by using the parallel plate collimator by itself.
4.6.5 Diﬀracted beam monochromator
The diﬀracted beam monochromator is placed after the collimator slit.
The main function of the post monochromator is to eliminate the Cu Kβ
emission line from the measured diﬀraction pattern. In addition to this,
the monochromator reduces the ﬂuorescence and background scattering
from the sample and from the other optical elements deﬁning the beam
path, thereby improving the signal to noise ratio. As outlined in [128], the
monochromator also plays a signiﬁcant role in reducing the axial divergence
particularly when measurements are performed in the BB geometry.
4.6.6 Summary of optimised parameters
As discussed above, in order to obtain a good signal to noise ratio in the
transmission X-ray proﬁles the following parameters were used for all loading
experiments.
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Parameter Value
X-ray power 50 kV, 40 mA
Incident beam slit size 5 × 10 mm2
Sample thickness 0.7 mm
Receiving slit Open (no slit)
Step size 0.02◦2θ
scaled with intensity
Step time ∼ 2s for (0002)
∼ 6s for low intensity
reﬂections
Table 4.1: Optimised experimental conditions for all loading data
collection.
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4.7 Evaluation of X-ray diﬀraction data
4.7.1 Observation of raw loading data
Figure 4.10a shows the evolution of the peak positions and intensity of the
transmission XRD line proﬁles as a function of applied tensile load along
ND of a rolled AZ31 alloy. The XRD proﬁles collected by holding the
sample at constant extensions up to 1.44 mm are shown in Figure 4.10a.
Due to the strong (0002) texture along ND (Figure 4.10b), (0002) appears
as a high intensity peak, whereas the reﬂections (1010) and (1120) are not
present prior to loading. This is in agreement with the absence of (0002)
poles in the centre of the pole ﬁgure (Figure 4.10b). It is clearly seen
that they appear at macroscopic yield point and continue to increase in
intensity with further loading. This is attributed to the texture changes
in the alloy due to twinning. In agreement with the tensile forces applied
perpendicular to the lattice planes, peaks are shifted to lower 2θ angles.
That is, the interplanar spacing is increased with load. For illustration, the
peak positions at nominal load is shown by a dashed line (Figure 4.10).
4.7.2 Observed line proﬁle
The observed broadening of the transmission diﬀraction proﬁles, in Figure
4.10, is due to both the instrumental eﬀects and the broadening from
the sample. These two contributions need to be separated in order to
determine the sample only contribution to the diﬀraction proﬁle. The
accurate determination of the sample parameters such as peak position,
broadening and intensity are then extracted by approximating the sample
proﬁle to with the proﬁle ﬁtting function (See Appendix A). The determined
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Figure 4.10: a) Observed transmission XRD proﬁles showing intensity
changes and peak shifts in rolled AZ31 loaded in tension along ND and
b) the (0002) pole ﬁgure in the RD-ND plane of rolled AZ31 alloy.
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peak positions are vital to obtain a good strain resolution during in-situ
loading experiments. However, due to the lack of analytical functions to
determine the instrument eﬀects arising by the use of the poly capillary
optic, an empirical approach is employed based on the data analysis of
standard materials.
Alternatively, analytical models for the modelling of the diﬀracted proﬁles
collected in reﬂection [124, 128–130] can be used to precisely determine the
accurate lattice parameters in reﬂection mode. Consequently, the lattice
parameters obtained from both geometries can be compared and validated.
A convolution based approach by the numerical convolution of instrument
functions was developed to separate the instrument eﬀects from sample
eﬀect in reﬂection mode. [129, 130]. The observed experimental diﬀraction
proﬁle h(s) represents the convolution of both the instrument g(s) and the
sample f(s) eﬀects given by,
h(s) = f(s)⊗ g(s) (4.5)
The instrument functions are given by the symmetric and asymmetric proﬁle
functions describing the aberrations produced by the X-ray optical elements
and parafocusing experimental geometry [124, 130]. Cheary et al. [128,
131–133] used this approach and developed the Fundamental Parameters
Proﬁle Fitting (FPPF) approach to model the observed diﬀraction proﬁles
obtained from a Bragg-Brentano diﬀractometer. These asymmetry shape
functions are independent of 2θ [128] and can be readily convoluted into the
sample proﬁle. Figure 4.11 shows the convolution diagram illustrating the
convolution of a) the asymmetric instrument function with b) the symmetric
emission proﬁle containing the Kα1 and Kα2 components and c) the sample
contributions given by the Gaussian or Pseudo-Voigt (PV) proﬁle function
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(see Appendix A for deﬁnitions) to produce the asymmetric observed
diﬀraction proﬁle in Figure 4.11d. The peak position corresponding to the
PV function is dependent on the relative positions of the instrument and
the emission proﬁles convoluted into the observed diﬀraction proﬁle.
a) b) c) d)
Figure 4.11: The convolution diagram for producing the observed
diﬀraction proﬁle in BB geometry [128].
In the present context, for transmission studies it is important to consider
the impact of the parallel beam geometry on the observed line proﬁle shape.
Parallel beams in a laboratory diﬀractometer can be achieved either by a
parabolic graded mirror [128] or poly capillary lens array [127]. For improved
instrumental resolution, the incident beam optics can be used in conjunction
with the parallel plate collimator (PPC) or analyser crystal on the diﬀraction
side. The two main aberrations in parallel beam diﬀractometers arise i)
due to the non-parallelism of the analyser foils in PPC, and ii) the axial
divergence [127, 128]. In a highly collimated or less beam divergent parallel
beam geometries such as synchrotron radiation or the incident beam mirror
optic respectively, the non-parallelism of the analyser foils produces two
weak satellite peaks on the low and high angle proﬁle tails [128]. Such
satellite peaks are, however, observed for only the most perfect samples.
They are not resolved using typical experimental samples.
The poly capillary optic, on the other hand, has an advantage of achieving
higher intensities than the incident beam mirror set up at the expense of the
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angular resolution. In addition to this, due to high beam divergence (0.3◦)
of the X-rays coming out of the poly capillary lens the diﬀraction peaks
are broader. However, in the following it will be shown that good strain
resolution can be obtained from the in-situ loading proﬁles, by employing a
well calibrated instrument and optimised proﬁle ﬁtting methodologies.
As discussed above, the accurate peak positions in transmission are
extracted from the observed proﬁles in Figure 4.10 using an empirical
convolution approach. The instrument eﬀect is determined based on the
proﬁle ﬁtting of standard reference materials. The reﬁned parameters thus
obtained by proﬁle ﬁtting the standard materials are then used to accurately
determine the unit cell parameters from Mg data (Figure 4.10) as shown in
the following.
4.7.3 Line proﬁle ﬁtting
For the analysis of all raw XRD data, line proﬁle ﬁtting was carried out using
TOPAS, an X-ray diﬀraction line proﬁle ﬁtting software suite, designed
speciﬁcally for analysis of high resolution laboratory and synchrotron
X-ray data [134]. For the reﬁnement of repeat data sets, encountered in
in-situ loading experiments, all the commands describing the proﬁle ﬁtting
procedures are written in the form of a script ﬁle that is readily compiled
by the TOPAS software. The main advantage with TOPAS software is the
ﬂexibility to write the user-deﬁned macros in the form of sub-routines. The
following represents an overview of the methodology employed to ﬁt all the
diﬀraction data.
1. The emission proﬁle is deﬁned by incorporating in the wavelength,
area and the width of the CuKα1 and Kα2 components (Appendix B).
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2. The peak positions are identiﬁed automatically from the space group
and the lattice parameter during an automated Pawley reﬁnement
method (sections 4.7.4.1 and 4.7.4.2). Alternatively, they can also be
inserted manually while using a single peak ﬁtting method (section
4.8). Within TOPAS, these can be done by deﬁning the “hkl Is” or
“xo Is” phase respectively.
3. Once the peak positions are deﬁned, the instrument functions are then
convoluted into the emission proﬁle, based on the standard reference
materials (SRM LaB6 660b [135] and SRM Si 640c [136])
i For reﬂection geometry, the emission proﬁle is convoluted with the
instrument aberration functions (section 4.7.4.1). The important
aberration functions are deﬁned and listed in Appendix B.
ii For transmission geometry, an empirical Caglioti approach [137] is
employed to model the broadening induced by the incident beam
divergence and axial divergence observed in the transmission XRD
proﬁles (section 4.7.4.2).
4. The instrument model obtained from the steps above, is then held
ﬁxed for the analysis of the magnesium data. Additional broadening
from the sample, is modelled by including a symmetric Gaussian
or Pseudo-voigt function in transmission and reﬂection geometries
respectively convoluted into the steps 1 and 2 above.
Finally, the quality of the proﬁle ﬁtting is assessed by an overall goodness
of ﬁt (GOF) parameter given by
GOF =
√
wm(Yo,m − Yc,m)2
M − P (4.6)
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Where M is the total number of measured data points, P is the number of
parameters in the reﬁnement, Yo,m and Yc,m are the observed and calculated
intensity at data point m, wm = 1/σ(Yo,m)2 is the weighting given to the data
point m with the standard deviation (error) given by σ(Yo,m)
2 [134]. For
an ideal reﬁnement GOF should be equal to zero. Using the methodology
above, GOF values of 0.36 and 0.48 are achieved respectively in LaB6 and
Mg data analysis in transmission. In reﬂection mode a GOF value of ∼ 0.6
and 0.75 respectively for Si and Mg data is achieved.
4.7.4 Instrumental calibration
Calibration of the instrument is performed using National Institute of
Standards and technology (NIST) standard reference materials. The two
diﬀraction geometries employed are the BB geometry (Line focus) for
reﬂection measurements and the transmission geometry (point focus) for
the in-situ studies. In order to obtain a complete measure of the unit cell
parameters the measurements are performed in the two geometries. For this
purpose, the instrumental conditions are calibrated for both the geometries
and results based on the SRM can be readily compared.
The line focus geometry is calibrated using the NIST standard silicon (Si)
pellet (SRM 640c) [136] whereas the point focus geometry in transmission
is calibrated using NIST standard Lanthanum hexaboride (LaB6) powder
(SRM660b) [135]. Individual peaks of the SRMs were measured for counting
times so as to attain approximately 5000 and 10000 counts respectively per
peak in line and point focus measurements. Except in the case of very
low intensity peaks where the scan time was limited to approximately 3 to
4 hours per peak to optimise the signal to noise ratio. These predeﬁned
intensities are chosen so as to optimise the peak ﬁtting to achieve a GOF
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of 0.5 or less. Diﬀraction data was collected by performing θ − 2θ scans on
the (hkl) of interest with a step size of 0.01◦2θ in the 2θ range 20 to 140◦.
Upon collection all proﬁles were normalised to counts per second (cps).
4.7.4.1 Reﬂection geometry
The line proﬁle analysis of diﬀraction patterns in reﬂection geometry is
performed using a Pawley reﬁnement procedure using the proﬁle ﬁtting
procedure outlined in sections 4.7.2 and 4.7.3.
During Pawley reﬁnement, the instrument functions are convoluted into the
emission proﬁle and the sample proﬁle to simulate the observed diﬀraction
proﬁle. The instrument functions that aﬀects the shape of the diﬀraction
proﬁle are i) the ﬁnite width of X-ray source, ii) axial divergence, iii)
equitorial divergence, iv) width of the receiving slit, and v) tube tails.
Among these, the ﬁnite width of the Cu Kα1 and Kα2 peaks and the width
of the receiving slits are the symmetric functions about the peak position.
Whereas, the axial divergence and the tube tails produces asymmetry on
the low angle side of the peak.
The peak positions, 2θ, of the proﬁles are aﬀected by the instrument
misalignment such as Specimen Displacement (SD) and Zero Error (ZE). In
BB geometry, the peak positions (2θ) are highly sensitive to displacement of
the sample along the scattering vector (Figure 4.1). After alignment of the
sample with respect to the X-ray beam, the specimen displacement along
the scattering vector was measured using an analog dial gauge. The zero
error was determined from the deviation of the direct beam from 2θ = 0◦.
This was measured by performing a detector scan of the direct beam. Both
parameters are further reﬁned during Pawley ﬁtting of the Si reference data.
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In addition to the instrument functions above, the sample dependent
functions such as absorption, size and strain function also aﬀects the
broadening of the diﬀraction proﬁles. The low angle asymmetry due to
absorption is signiﬁcant for materials with the linear attenuation coeﬃcient
less than 100cm−1 [128]. For example, the linear attenuation coeﬃcient (μ)
for Mg is 69cm−1, whereas μ for Si is 147.5cm−1. Therefore μ is reﬁned in
the data analyses of the magnesium but is ﬁxed during the reﬁnement of Si.
The NIST Si sample also exhibits some broadening due to the particle size
[135]. The pseudo-voigt (PV) function (Appendix A) was used to model this
broadening. The Lorentzian strain term was reﬁned to 0.0001, in agreement
with the NIST certiﬁcate [135]. The integrated intensities are corrected
using the Lorentz-Polarization correction for graphite post-monochromator.
During the reﬁnement of the recorded SRM data using the Pawley method,
the lattice parameter was ﬁxed to the standard value for Si (a = 5.43123A˚)
[135] and the instrument parameters (both peak displacement and the shape
functions) are reﬁned strategically. The reﬁned values are listed in Table
B.1. As discussed in section 4.7.3, the 2θ peak positions are then calculated
according to,
d2hkl =
a2√
(h2 + k2 + l2)
(4.7)
Where dhkl is the lattice spacing corresponding to the (h, k, l) reﬂections
and a is the lattice parameter.
As discussed above, the reﬁned peak displacement parameters (SD and ZE)
reﬂect the misalignment of the sample within the diﬀractometer. Using the
SRM material, with the known standard peak positions (2θstd), one can plot
the determined oﬀset in 2θ positions (Δ2θ = 2θobs−2θstd). Figure 4.12 shows
the eﬀect the peak displacement parameters have on the 2θ peak positions
during the reﬁnement of SRM Si reﬁnement. The oﬀset in the peak position,
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from the standard (2θstd) are calculated from the reﬁned values depicted in
the Table B.1. From the ﬁgure, it is clear that after applying the SD and
ZE corrections to the 2θcorr, we get the 2θobs, which is the accurate peak
position corrected for systematic errors.
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Figure 4.12: The 2θ oﬀset calculated for the sample displacement and
zero error corrections.
The line proﬁle ﬁt obtained from the reﬁned values in Table B.1 is shown in
Figure 4.13 for low and high 2θ angle proﬁles. It can be seen from the ﬁgure
that the Kα1 and Kα2 peaks from Cu target are very well resolved at high
2θ angles, due to the dispersion of X-rays at high 2θ angles, while the axial
divergence dominates at low 2θ. From the diﬀerence plot (Iobs− Icalc) it can
be clearly seen that there is a good agreement between the calculated and
the observed proﬁles. This is conﬁrmed by the goodness of ﬁt parameter
which was ∼ 0.6.
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Figure 4.13: Observed X-ray diﬀraction proﬁles and the line proﬁle
analysis based on TOPAS ﬁt of Si SRM640c sample for (220) and (531)
reﬂections.
4.7.4.2 Transmission geometry
Due to the natural divergence of the collimating poly-capillary optic
(0.3◦) proﬁles measured in the transmission geometry are broadened.
To model the diﬀraction proﬁles obtained in transmission geometry, the
standard methodology based on Caglioti approach was implemented. For
all transmission diﬀraction data, line proﬁle ﬁtting is based on Caglioti
equation. The Caglioti equation provides an empirical measure of the
instrumental contribution, originally applied for monochromatic neutron
experiments [137]. It is widely used for determining the instrument
broadening in neutron and in synchrotron X-ray diﬀraction studies
where transmission geometries are common [137]. For laboratory X-ray
diﬀractometers operating in point focus, Matej et al. [138] used the Caglioti
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method to measure the instrumental broadening for the semi parallel beam
case based on a reﬂection geometry. The Caglioti equation [137] is given by
FWHM2ins = Utan
2θ + V tanθ +W (4.8)
Where θ is the Bragg angle, U , V and W are reﬁnable parameters and
FWHMins is the instrument broadening. This expression (Eq.4.8) is
then convoluted into the emission proﬁle at the 2θ positions corrected for
specimen displacement as described below. The U , V andW parameters are
reﬁned by the proﬁle ﬁtting of experimental LaB6 data. In order to avoid
negative values for FWHM2ins, V should reﬁne to a negative value while U
and W remains positive [137]. A user-deﬁned macro written for the proﬁle
ﬁtting in TOPAS using the Caglioti function is given in the Appendix C.
In the transmission diﬀraction condition, the uncertainty arising from
sample displacement is described by an axis of rotation shift. The
displacement of the tensile sample from the Axis Of Rotation (AOR) will
cause a shift in the peak position from its true value. In a similar case to the
reﬂection geometry, the shift in the peak position can be measured from the
deviation in the observed peak positions (2θobs) of LaB6 from the standard
peak positions (2θstd). In order to do this, a hole drilled within the gauge
section of the tensile sample was ﬁlled with the LaB6 powder and mounted
on the Deben tensile stage (Figure 4.4). The peak displacements with
respect to sample AOR misalignment was measured by collecting the X-ray
diﬀraction proﬁles at diﬀerent XL and YL stage positions. The deviations
in the 2θ positions from the 2θstd (Δ2θ = 2θobs − 2θstd), are shown in
the Figure 4.14. Ideally, if the sample is at the centre of the AOR, the
observed 2θ positions (2θobs) should align exactly with 2θstd. However, as
shown in Figure 4.14, an oﬀset in the 2θ positions is realised. This oﬀset
in 2θ is the result of the oﬀset in the AOR. To model this displacement
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an empirical approach to correct the peak positions with respect to the
standard LaB6 peaks was employed. From Figure 4.14 it can be seen that,
in the investigated 2θ range (20−80◦2θ), a linear relationship exists between
Δ2θ and 2θstd. Therefore, the oﬀset in 2θ arising from the AOR displacement
can be described by
Δ2θ = 2θobs − 2θstd = slope× 2θstd +Δ2θo (4.9)
Where, the slope describes the displacement rate of change of the measured
axis of rotation with 2θ compared to the true axis of rotation. While Δ2θo is
a constant oﬀset analogous to the zero error found in the reﬂection geometry.
In TOPAS, the axis of rotation correction is performed by a user-deﬁned
macro “oﬀset linear” given in the Appendix C.
To assess the instrumental peak displacement arising from the axis of
rotation and the broadening due to the diﬀraction geometry employing the
poly capillary optic, peak proﬁle ﬁtting of the LaB6 data was performed
based on the convolution of an emission proﬁle with the user deﬁned macros
“oﬀset linear” and “Caglioti” respectively.
In order to do this, a Pawley reﬁnement procedure was employed. As
mentioned in section 4.7.3, during the Pawley reﬁnement, the lattice
parameter was ﬁxed at the standard value for LaB6 (a = 4.15689 A˚) [135].
The 2θ values are automatically calculated using the Eq.4.7. The slope and
intercept (Δ2θo) are then reﬁned such that the misﬁt between the measured
and theoretical 2θ positions (Δ2θ) are minimised. In addition, simultaneous
reﬁnement of U , V and W parameters of the Caglioti equation (Eq. 4.8)
accounts for the instrumental broadening observed in the transmission data.
The reﬁned parameters are listed in Table B.2, with the resultant proﬁle ﬁt
shown in Figure 4.15 for (hkl) peaks at low and high angle 2θ for comparison.
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From the diﬀerence plot in the Figure 4.15, it is clear that there is a good
agreement between the observed and calculated proﬁles. The GOF value
for the ﬁt is ∼ 0.36. Unlike the line focus measurements, the Kα1 and Kα2
peaks are not resolved due to increased beam divergence introduced by the
transmission geometry.
4.7.5 Unit cell parameters of Mg alloy
As discussed in the literature review, the accurate determination of the unit
cell parameters is vital to understand the material response to the applied
load. For this purpose, the precise measurement of the unit cell parameters
of the material starting condition is necessary. To achieve this, precise
determination of accurate unit cell parameters is carried out in both the
reﬂection and transmission geometries. For an arbitrary applied load, the
elastic lattice strains (εhkil) are calculated according to,
εhkil =
(dhkil − dohkil)
dohkil
. (4.10)
Where dhkil is the lattice spacing and dohkil is the strain free reference lattice
spacing for the (hkil) family of grains. The accurate determination of do
values is necessary as it provides a measure of the absolute lattice strain.
Given the Young‘s modulus of 45 GPa for Mg alloys, a strain resolution
of 2.2 × 10−4 for an applied stress of 10 MPa is needed. Withers et al.
[92] reviewed diﬀerent methods to best extract the starting do values. The
methodology we applied is based on the determination of the unit cell
parameters and hence do values from the Pawley reﬁnement of the (hkil)
reﬂections obtained prior to the in-situ loading. For comparison, unit cell
parameters are also determined using the conventional BB geometry for
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Figure 4.14: Deviations in the measured peak positions from the
standard as a function of displacement of the LaB6 sample mounted
on the xyz translation stage. a) displacement along the XL− direction
and b) displacement along YL.
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Figure 4.15: The measured and ﬁtted diﬀraction proﬁles for the stage
positions XL = 0 and YL = 0.
diﬀerent specimen orientations in the rolled AZ31 alloy. This provides an
estimate of the uncertainty in the lattice spacing and quantiﬁes the residual
strain prior to loading.
4.7.5.1 Reﬂection geometry
As mentioned in step 4 of section 4.7.3 above, the instrument parameters
determined from the reﬁnement of Si diﬀraction proﬁles are ﬁxed in the
analysis of the alloy sample (Table B.1). Due to the increased penetration
of X-rays in Mg (linear attenuation coeﬃcient μ = 69cm−1) broadening can
also be seen in the peaks due to the sample transparency eﬀect. This was
modelled by reﬁning the sample dependent absorption coeﬃcient (Appendix
B). In addition to this, a Pseudo-Voigt function (Appendix A) was also
included in the reﬁnement to model the sample broadening of Mg data.
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In order to obtain a complete understanding of the starting condition of the
rolled Mg alloy prior to in-situ loading, X-ray scans were collected on the
samples cut in the RD-TD and RD-ND orientations of the rolled AZ31 alloy.
Presuming all sources of misalignment have been corrected, the diﬀerence
between the lattice parameters in the two orientations describe the residual
strains imposed by the thermo-mechanical processing of the alloy. Pawley
reﬁnement was performed by proﬁle ﬁtting of approximately 8-10 reﬂections.
Owing to the strong basal (0002) texture (inset in Figure 4.10a), the (0002)
peaks are present during the scans on RD-TD plane but are absent during
the RD-ND measurements. Conversely, the (1010) and (1120) peaks are
present for the measurements on RD-ND sample plane. In terms of the
in-situ loading measurements shown in Figure 4.10, the scans measured on
RD-TD plane in reﬂection are equivalent to the axial or longitudinal (‖)
measurements during in-situ transmission.
The reﬁned lattice parameters a and c were used to ﬁnd the d−spacings of
the (hkil) reﬂections according to,
1
d2hkl
=
4
3
(
h2 + hk + k2
a2
) +
l2
c2
(4.11)
This relationship can then be applied to determine the d−spacing of the
(hkil) that are not measured, due to texture. The d−spacings of the
reﬂections used in the in-situ studies are listed in Table 4.2 and will be
discussed according to the transmission results in section 4.7.5.3.
The calculated and the observed diﬀraction proﬁles from the (0002) and
(0004), and (1010) and (2021) reﬂections collected on RD-TD and RD-ND
planes respectively are shown in Figures 4.16a and b. Also overlayed on
the scans are the calculated and the diﬀerence plot. It is clear that there
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is a good agreement between the observed and the calculated diﬀraction
proﬁles. The goodness of ﬁt for the reﬁnement is 0.74.
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Figure 4.16: The observed and calculated diﬀraction proﬁles on the a)
RD-TD and b) RD-ND planes of rolled AZ31 alloy.
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Lattice parameter (A˚) Plane d(A˚)
R
eﬂ
ec
ti
on
(‖
)
(1010) 2.77026
(0002) 2.59723
a = 3.19882 (1011) 2.44437
c = 5.19447 (1012) 1.89474
(1120) 1.59941
(1013) 1.46828
R
eﬂ
ec
ti
on
(⊥
)
(1010) 2.7704
(0002) 2.5974
a = 3.19897 (1011) 2.4445
c = 5.1948 (1012) 1.8948
(1120) 1.5995
(1013) 1.4667
T
ra
n
sm
is
si
on
(‖
)
(1010) 2.77005
(0002) 2.59774
a = 3.19858 (1011) 2.44433
c = 5.19548 (1012) 1.89487
(1120) 1.59929
(1013) 1.46846
Table 4.2: The reﬁned lattice parameter using Pawley reﬁnement from
the reﬂection and transmission measurements.
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4.7.5.2 Transmission geometry
Similarly, unit cell parameters are calculated from the Pawley reﬁnement
of the Mg alloy sample in the static condition (no load). Except in
this instance, the instrument parameters in the transmission geometry are
calibrated using the empirical model based on the Caglioti equation and the
axis of rotation corrections.
During Pawley reﬁnement of Mg proﬁles, the instrument parameters are
ﬁxed at the reﬁned U , V and W values from the Caglioti equation (Table
B.2). The peak positions (2θcorr = 2θobs − AOR(2θ)) are corrected for the
linear oﬀset in AOR. A Gaussian function was used to model the sample
broadening of the alloy. The do values thus obtained from the in-situ
transmission proﬁles are shown in Table 4.2. The resulting proﬁle ﬁt for
(0002) and (1013) reﬂections from Mg are shown in Figure 4.17. Due
to the strong basal ﬁbre texture the intensity of the (0002) reﬂection is
approximately 10 times higher than the intensity of (1013). Even though
the scan time of the (1013) peak was increased to ∼ 30 mins the resultant
lower intensity data leaded to a slightly higher misﬁt, as shown in Figure
4.17. Consequently, the uncertainty in the accurate determination of the
peak positions for (0002) and (1013) are 0.00043 and 0.002◦2θ, respectively.
The high uncertainty in the latter is the result of the low intensity in the
(1013) reﬂection. The goodness of ﬁt value for the reﬁnement is 0.48.
4.7.5.3 Comparison of unit cell parameters
The underlying experimental objective is to optimise the sensitivity of the
elastic lattice strain measurements to perform an in-situ tensile loading
experiment in transmission. To verify the strain sensitivity, it was
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Figure 4.17: Line proﬁle ﬁtting of transmission XRD peaks using
Pawley method.
necessary to compare the ‘proven’ reﬂection based measurements with the
transmission diﬀraction results.
First, the unit cell parameters obtained in sample orientations, ‖ and ⊥, of
the rolled alloy obtained in reﬂection (section 4.7.5.1) are compared. From
the lattice parameters and d−spacings listed in Table 4.2, the relative error
in d− spacings given by Eq.4.2 is 6 × 10−5. Note that this uncertainty is
derived only from the proﬁle ﬁtting, which highlights the goodness of ﬁt and
does not include the uncertainty from the reproducibility measurements.
The close agreement between the two sample orientations indicates that
the starting material is macroscopically strain free, i.e., a strain less than
1 × 10−4. The lattice parameters and d− spacings are in good agreement,
reinforcing the precision of the instrument calibration and the proﬁle ﬁtting
methodologies.
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For comparison, d− spacings obtained from the reﬂection geometry are
compared with those obtained in the transmission diﬀraction geometry
(Table 4.2). From the diﬀerences in the d−spacings between transmission
and reﬂection geometries, a maximum relative error of 2× 10−4 is achieved.
This sensitivity ensures load increments as low as 10 MPa can be resolved.
It should also be noted that this is the uncertainty achieved on a textured
sample (inset in Figure 4.10) where the intensity of some (hkil) reﬂections
are weak. A slight improvement may be achieved, according to sample
texture. For example, the texture in the extruded alloy produces diﬀraction
peaks with considerably better intensities than the rolled alloy (see Figures
5.6 and 6.6). However, the overall agreement between the three data sets
(‖, ⊥ and transmission) indicates that the proﬁle ﬁtting methodology based
on the empirical Caglioti approach and A.O.R. correction, to model the
transmission diﬀraction proﬁles has been veriﬁed with the reﬂection based
data. According to these ﬁndings, a strain sensitivity of 2× 10−4 is readily
achieved.
4.8 Single peak ﬁtting
During in-situ loading, due to the plastic anisotropy of hexagonal materials,
the change in the peak positions are strongly dependent on the load sharing
between the families of grains. That means the shift in the peaks due to
plastic anisotropy is (hkil) dependent. This causes a misﬁt in the phase
peaks at high applied stresses. To illustrate this, in-situ observed proﬁles in
Figure 4.10 are ﬁt using Pawley method. The resultant proﬁle ﬁt for (0002)
and (1013) reﬂections are shown in Figure 4.18 prior to loading and after
an extension of 1/24 mm. The change in the goodness of ﬁt parameter by
proﬁle ﬁtting using Pawley method is shown in Figure 4.19. It is clear from
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Figure 4.19 that above the plastic yielding (∼ 60MPa), the GOF value
increased with increase in the applied stress. Though the maximum GOF
value is less than 1, the agreement between the observed and calculated
proﬁles after loading to 1.24 mm extension, as shown in Figure 4.18b is
poor. This is because the reﬁnement by Pawley method does not account
for the anisotropic shift in the (hkil) peaks arising due to plastic anisotropy.
In order to overcome this and to retain the high experimental precision, a
single peak ﬁtting procedure is used for the line proﬁle analysis of in-situ
loading data [13, 111].
Single peaks can be ﬁt by deﬁning a “xo Is” phase in TOPAS. Peak
ﬁtting was carried out on LaB6 peaks by deﬁning a Gaussian function
for the sample contribution convoluted into the emission proﬁle. The
Caglioti equation and the linear oﬀset are ﬁxed as obtained from the Pawley
reﬁnement of LaB6 (Table B.2). Figure 4.20b shows the peak oﬀsets, for
AOR corrected proﬁles from the standard LaB6 positions (2θstd), with and
without the AOR correction. After accounting for the oﬀset, the deviation
in the Δ2θ were less than ±0.0025◦2θ.
4.9 Reproducibility measurements
To ensure the reproducibility in the 2θ positions for successive
measurements, scans were performed on the LaB6 SRM 660b sample by
repeatedly positioning the stage with the tensile sample on the instrument
XYZ stage (stage-1 and stage-2 in Figure 4.21) and also by repositioning
both the tensile sample and stage on the XYZ stage (Stage + sample 1, 2,
3). The measurements were performed at XL = 0 and YL = 0 position of
the XYZ stage. The linear oﬀset in the AOR and the Caglioti U , V and
W values listed in Table B.2 are ﬁxed during single peak ﬁtting procedure.
Chapter 4. Development of a laboratory XRD system for
in-situ tensile loading experiments 97
33.3 34.2 35.1
0
250
500
750
1000
1250
1500
1750
 
In
te
ns
it
y 
(c
ps
)
2θ
 Observed
 Calculated
 difference
63.0 63.6 64.2
0
25
50
75
100
125
a)
b)
33.6 34.4 35.2
0
50
100
150
200
250
 
 
In
te
ns
it
y 
(c
ps
)
2θ
62.5 63.0 63.5 64.0
0
25
50
75
100
 
(0002)
(1013)
(1013)
(0002)
Figure 4.18: Proﬁle reﬁnement using Pawley method of the in-situ load
data after a) 0 mm extension and b) 1.24 mm extension.
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Figure 4.19: Change in goodness of ﬁt value during proﬁle reﬁnement
of in-situ load data using Pawley method.
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As shown in Figure 4.21, for consecutive positioning experiments, the Δ2θ
values are highly reproducible. A maximum uncertainty of ±0.005◦ in 2θ
was observed.
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Figure 4.21: Reproducibility in the peak positions of LaB6 (2θobs) for
successive loading and reloading of the tensile sample and stage.
The mechanical strength properties of the alloy was also used to provide an
assessment on the sensitivity of the reproducibility measurements. Based
on the measurements of the (0002) and (1013) reﬂection, the peak positions
(Figure 4.22) and the lattice strain (Figure 4.23) was plotted as a function
of applied load. It is clear from the ﬁgures that the peak positions and the
lattice strain plotted for two reﬂections (0002) and (1013) for two diﬀerent
in-situ tests performed on the rolled AZ31 alloy are reproducible. This
shows that the calibration parameters (Table B.2) derived for transmission
geometry based on the empirical Caglioti equation and AOR, describe the
peak shifts produced due to the misalignment of the tensile sample. clearly
therefore, avoiding the need to perform repeat calibration tests for each
in-situ loading experiment.
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Figure 4.22: Repeated measurements of peak positions in a) (0002)
and b) (1013) reﬂections during tension along ND.
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Figure 4.23: Repeated measurements of lattice strains in a) (0002) and
b) (1013) reﬂections during tension along ND.
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4.10 Summary
1. A transmission X-ray diﬀraction technique was developed to perform
in-situ tensile deformation studies in a conventional laboratory X-ray
diﬀractometer.
2. The transmission XRD proﬁles were collected using poly-capillary
optics on the incident side, and a parallel plate collimator and
monochromator set up on the diﬀraction side. The data collection
parameters were optimised.
3. The calibration procedures and proﬁle ﬁtting methodologies were
developed for transmission geometry. Proﬁle reﬁnement was carried
out by reﬁning the parameters for instrumental broadening using
Caglioti approach and the specimen displacement oﬀset due to an
axis of rotation misalignment.
4. Good agreement was achieved in the d-spacings from both
transmission and reﬂection geometries. The relative error between the
transmission and reﬂection d spacings are in the order of 0.8× 10−4.
5. The diﬀraction proﬁles appeared broad due to high beam divergence,
however a strain resolution of 2×10−4 was achieved by the optimisation
of proﬁle ﬁtting and calibration procedures during in-situ tensile
deformation.
Chapter 5
Evolution of lattice strain in
extruded and rolled AZ31
alloys
5.1 Introduction
In this chapter, the transmission X-ray diﬀraction technique that was
developed in chapter 4 is used to study the lattice strain evolution in AZ31
alloy. Firstly the technique is further validated by comparing with literature
[6, 7, 17]. For this purpose, lattice strain evolution during a uniaxial tensile
test along the extrusion direction (EDT) was performed. The technique is
then used to evaluate the lattice strains at the onset of twinning and to follow
their evolution with applied stress. Uniaxial tensile tests are performed in
tension along radial direction (radD) of an extruded alloy and along normal
direction (ND) of a rolled AZ31 alloy as these strain paths are known to
simulate twinning.
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The microstructure, texture and mechanical properties are presented in
Section 5.2. The data collection and analysis procedures are explained
in Section 5.3. Then the evolution of lattice strains during tension are
presented in Section 5.4, with the strain path EDT in 5.4.1, radD in 5.4.2 and
NDT in 5.4.3. The CRSS for the activation of basal slip and the formation
of twinning in AZ31 alloy are discussed in Section 5.6.
5.2 Material and methodologies
The alloy used in the current study is commercially obtained AZ31 in both
extruded and rolled forms. The chemical composition of the alloy is depicted
in Table 5.1. The nominal composition of the alloy is Mg-3wt.%Al-1
wt.%Zn.
Element Al Zn Mn Fe So Mg
wt.% 3.1 1.05 0.36 0.001 0.01 Rest
Table 5.1: Chemical composition of AZ31.
5.2.1 Microstructural investigations
The microstructures of the extruded and rolled AZ31 alloys are shown in
Figures 5.1a and b respectively. The microstructures contain equi-axed
grains with a mean lineal intercept grain size of 6 μm in the as-extruded
alloy and 20 μm in the as-rolled alloy. The as-extruded microstructure
also contains a small fraction of large grains elongated along the extrusion
direction.
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Figure 5.1: Microstructures of a) extruded and b) rolled AZ31 alloys.
5.2.2 Texture
Both the extruded and rolled alloys exhibit strong textures. The basal
(0002) X-ray pole ﬁgures of the extruded and rolled AZ31 alloys used in
the current study are shown in the Figures 5.2a and b. The extruded alloy
exhibits a characteristic extrusion texture typical for Mg alloys. As shown
in Figure 5.2a, the basal poles are distributed randomly perpendicular to
the extrusion direction with a spread of ∼ 30◦ towards the ED, whereas in
the case of the rolled alloy (Figure 5.2b), the basal poles are aligned near
to parallel to the ND of the rolled sheet. The pole ﬁgures were corrected
for defocusing and background using an aluminium random sample. The
legend in Figure 5.2 shows the corrected pole ﬁgure (PF) intensity of the
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(0002) poles times the random value of 1.0, as deﬁned in the Labotex
software [139]. It is clear from the ﬁgure that the basal texture in the
rolled alloy (PF intensity ∼ 11.2) is stronger than in the extruded alloy
(PF intensity ∼ 5.3). Figures 5.2c and d show the (0002) pole ﬁgures after
tensile deformation during radD and NDT. A signiﬁcant reorientation of the
basal poles is observed. It can be seen that the majority of basal poles are
reoriented perpendicular to the test direction after deformation by tensile
twinning (Figures 5.2c and d).
radD ND
Figure 5.2: X-ray pole ﬁgures of a) as-extruded, b) as-rolled, and after
tensile testing along c) radD and d) NDT of AZ31 alloy.
5.2.3 Mechanical properties
The macroscopic stress-strain curves of the extruded and rolled AZ31 alloys
subjected to tensile deformation are shown in Figure 5.3. Tensile tests were
carried out along the radial direction (radD) and extrusion direction (EDT)
(Figure 5.3a) in the extruded alloy. In-plane tension (IPT) and normal
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direction tension (NDT) were carried out using the rolled alloy (Figure 5.3b).
The 0.2% oﬀset yield stresses for all the tests are listed in Table 5.2. The
tests EDT and IPT exhibit a smooth transition from the elastic to the
plastic regions. The high yield stress during EDT when compared with
IPT is due chieﬂy to the relatively smaller grain size in extruded alloy. The
stress-strain curves for radD and NDT shown in Figures 5.3a and b exhibited
lower yield stress at ∼ 112 and 65 MPa respectively. This is followed by
a strain plateau with relatively low work hardening. The low yield stress
and the strain plateau during radD and NDT are due to the formation of
{1012} tensile twinning (see section 2.4 of literature review).
Processing Strain path 0.2% Yeild strength (MPa)
Extrusion Perpendicular to ED radD 112
along ED EDT 184
Rolling along ND NDT 65
in-plane tension IPT 153
Table 5.2: Mechanical properties of extruded and rolled AZ31 alloys.
5.3 In-situ data collection
In this section, the methodologies developed for data collection and
processing of in-situ transmission X-ray diﬀraction proﬁles in chapter 4 are
brieﬂy reviewed. The in-situ sample conﬁgurations and the transmission
XRD proﬁles obtained during EDT, radD and NDT tests are then discussed.
5.3.1 Transmission in-situ loading
The in-situ tensile samples were machined from extruded and rolled alloys
to perform transmission in-situ loading experiment. The sample orientation
and the dimensions of the tensile samples are depicted in Figure 5.4.
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Figure 5.3: Macroscopic stress strain curves of the a) extruded and b)
rolled AZ31 alloys.
Figure 5.4 also shows the sample coordinates (xs, ys, zs) reference frame.
The load is applied along the xs- axis. The incident and diﬀracted X-ray
beams lie in the xs − ys plane. The zs−axis is perpendicular to the ED for
EDT tests but along the ED for the radD tests. For the rolled sample, zs is
parallel to the RD.
One end of the tensile sample was clamped to the tensile stage equipped
with a 5 kN load cell and the other end was held freely using a pin to
self-align the sample to the tensile axis. The volume of the tensile gauge
section is 10 × 4 × 0.7mm3. The samples were loaded in a constant strain
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Figure 5.4: Schematic diagram illustrating the orientations of the
tensile samples for in-situ tests cut from (a and b) extruded and (c)
rolled alloy. The dimensions of the tensile sample is shown in (d).
mode with constant steps of 10 μm extension. At a given extension/ strain,
the sample was held at a constant displacement to collect the diﬀraction
proﬁles. Figure 5.5 shows the macroscopic applied stress plotted against
the extension during the in-situ test for samples EDT, radD and NDT. The
data points overlayed are the points where the X-ray data was collected. A
relaxation in the force was observed during the holding times. The relaxed
force at the end of each load was used as a reference for plotting the lattice
strains in Section 5.4.
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Figure 5.5: Macroscopic stress-extension curves for diﬀerent test
conditions.
5.3.2 Interpretation of XRD proﬁles
The X-rays from a Cu source with beam dimensions 5 × 10 mm2 transmit
through the tensile sample gauge section and the planes whose scattering
vector is along the applied load direction diﬀract into the detector. A
detailed description of the data collection procedures were discussed in
Sections 4.6 and 4.7. Example XRD proﬁles collected for the sample
conﬁgurations EDT, radD and NDT are shown in Figure 5.6 for loaded
and initial states. Changes in peak position and intensity with application
of load are clearly seen.
During the EDT test, planes perpendicular to ED satisfy the diﬀraction
condition. Owing to the texture (Figure 5.2a) it was possible to measure
the X-ray proﬁles of (1010), (1011), (1120), (1122) and (2021) orientations
(Figure 5.6a). A strong intensity in the (1010) peak and an absence of
a (0002) peak can be seen in the ﬁgure. It is also clear that there are no
signiﬁcant changes in the intensity of the peaks in the loaded state (which is
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above the yield point). This indicates that there is negligible texture change
during EDT. This is in agreement with similar experiments performed using
neutron diﬀraction [6, 7].
The XRD proﬁles obtained during radD and NDT tests are shown in
Figures 5.6b and c. It was possible to measure the (0002), (1010),
(1011), (1012), (1120) and (1013) reﬂections for the radD tests. For NDT
measurements, the reﬂections (1010) and (1120) are not present in the initial
state. Upon loading above the macroscopic yield point, these reﬂections
appear due to tensile twinning. It can be seen from Figures 5.6b and c that
the intensity of (0002) grains decreases and that of (1010) increases in the
loaded state. This is in agreement with the eﬀect of {1012} twinning [17],
which gives a rotation of 86.3◦ around < 1210 >. The shift in the peaks
before and after an applied stress of 200 MPa is illustrated in Figure 5.6. For
all intermediate applied loads, the rate at which the peak shifts determines
the evolution of lattice strains and therefore the activity of various slip/
twin processes in the (hkil) grains oriented perpendicular to applied load.
In the transmission diﬀraction geometry, the normal direction of the
diﬀracting planes (or scattering vector) is along the loading direction. This is
analogous to the axial direction measurements employed in in-situ neutron
diﬀraction studies [5, 7, 12, 17, 20]. In order to understand the tensile
twinning behaviour of the family of diﬀracting grains, the knowledge of
the orientation of the c−axes of the respective diﬀracting planes with the
applied load direction is important.
Let us look at the basal pole ﬁgures of the extruded and rolled alloys
(Figure 5.7) overlayed with the orientation ﬁbres corresponding to the
respective diﬀraction planes. Tensile load is applied along the vertical axis
of the pole ﬁgures. The angle the c−axes of the diﬀracting planes make
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Figure 5.6: XRD proﬁles before and after applied load for (a) EDT,
(b) radD and (c) NDT tests.
with the applied load direction varies between φ = 0 − 90◦. The (0002)
reﬂections correspond to the basal poles with φ = 0◦. The (1013), (1012)
and (1011) reﬂections are are produced from orientations whose basal poles
are φ =∼ 32◦, 43◦ and 62◦ from the tensile axis. The material contributing
to the reﬂections is indicated in Figure 5.7 by the double ended arrows. The
reason for the absence of (1010) and (1120) peaks in the rolled alloy is clear
from Figure 5.7b.
The angular range of the diﬀraction beams that are seen by the detector is
limited by the width of the detector window, divergence of the X-rays and
the dispersion in the wavelength of X-rays. For a divergence of 0.3◦ and
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Figure 5.7: The (0002) pole ﬁgure of AZ31 extruded and rolled alloys
showing the orinetation ﬁbres responsible for the diﬀerent diﬀraction
peaks.
the wavelength dispersion of ∼ 0.05 A˚ [125], grains that are within ∼ 2◦
of the scattering vector diﬀract into the detector. This means that a single
diﬀraction peak is representative of a family of grains with diﬀracting vectors
misoriented by ∼ 2◦ about the loading direction. This misorientation range
of the diﬀraction is shown approximately by the width of the bold lines in
Figure 5.7.
To estimate the diﬀracted sample volume, the percentage grain area
contributing to diﬀraction is estimated using EBSD measurements
performed on the tensile sample gauge section. The values listed in Table 5.3
corresponds to the percentage grain area of the measured EBSD scan area,
within a misorientation of 2◦ about the load axis. It is observed that
the percentage of (0002) grain area is higher during NDT measurements.
Despite the intensity of the observed peaks, it is interesting to notice that
the percentage of {1011} grain area is high during radD.
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Orientation radD NDT
% %
(1010) 0.1 0
(0002) 0.16 0.78
(1011) 0.5 0.004
(1012) 0.23 0.06
(1120) 0.04 0
(1013) 0.32 0.44
Table 5.3: Percentage area of grains diﬀracting into detector for a 2◦
misorientation angle calculated by EBSD.
5.3.3 Data processing and methodology
As discussed in Chapter 4, the instrument was modelled by an empirical
approach based on a Caglioti equation (Eq. 4.8) and the axis of rotation
oﬀset (Eq. 4.9). The reﬁned instrument parameters are then ﬁxed and
convoluted into the experimental Mg proﬁle ﬁtting. A single peak ﬁtting
procedure (Section 4.8) was employed using a Gaussian proﬁle ﬁtting
function to ﬁt the experimental Mg proﬁles. From the proﬁle ﬁtting, the i)
peak position and ii) integrated intensity of the reﬂections are extracted.
The peak position corresponding to a particular (hkil) reﬂection is used to
calculate the lattice strain for those families of grains using Eq. 4.10 and
the strain free lattice spacing, do listed in Table 4.2.
The integrated intensity (or intensity) is determined from the area under the
Gaussian proﬁle function. Figure 5.8 shows the normalised intensity plotted
for all the reﬂections that occur in the radD and NDT tests. It is evident
from the ﬁgure that, due to the strong basal ﬁber texture, the intensities of
all the orientations except (0002) are relatively weak. In the rolled alloy, the
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initial intensity of the (1011) reﬂection is 0.3% and for the (1012) reﬂection
it is 3% of the intensity of (0002). As a result, this will introduce an
uncertainty in the estimation of integrated intensity. From the peak proﬁle
ﬁtting, the percentage error in the estimation of the intensities, calculated
from the uncertainties in intensity reported by TOPAS software, in (1011),
(1012), (1013) and (0002) peaks are 12, 15, 4 and 0.4% respectively for the
rolled alloy. The uncertainty in the estimation of integrated intensity of
extruded alloy is a maximum of 3% for the peaks with poor signal to noise
ratio.
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Figure 5.8: Normalised intensity of the reﬂections for EDP and NDT
tests.
5.4 Elastic lattice strain
The lattice strain, when plotted as a function of applied stress, can be used
to assess various slip and twinning deformation mechanisms. In the elastic
region, the lattice strain response of a subset of grains (orientations) depends
on their elastic stiﬀness constants. In the plastic region, the accommodation
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of lattice strains is governed instead by the inherent plastic anisotropy of the
alloy. When yielding occurs in certain families of grains, the lattice strain
in those grains relaxes by shedding load to the relatively hard grains. In
the following, the load sharing between families of grains and the evolution
of lattice strains during EDT, radD and NDT tests are discussed.
5.4.1 Tension along ED of extruded alloy
The elastic lattice strain evolution in extruded AZ31 alloy loaded in tension
parallel to the extrusion direction is illustrated in the Figure 5.9a. The
dashed line represents the elastic line with macroscopic Young‘s modulus
of ∼ 45 GPa. Due to the relative or near elastic isotropy of Mg alloys,
the lattice strain responses of all the orientations are initially parallel. The
reﬂections (1122) and (1011) deviate from the elastic line at applied stresses
of ∼ 77 and ∼ 102 MPa respectively. This can be attributed to the onset of
basal slip [6, 7]. As these grains yield, a slight increase in the lattice strain
is observed in the (1120) and (1010) grains. The lattice strain variations
of the hard (1120) and (1010) grains overlap until ∼ 160 MPa. With
further increase in the applied stress above the yield point, the lattice strain
accumulation rate of the (1120) grains reduces. This relaxation in (1120)
grains may suggest the activation of slip in those grains. This may also
be due to more complex changes in stress sharing amongst the diﬀerent
orientations. The (2021) grains followed the elastic line until macroscopic
yielding.
Agnew et al. [6] and Muransky et al. [7] used in-situ neutron diﬀraction
to study the lattice strain evolution using a similar strain path. The lattice
strains in Figure 5.9a are compared with Muransky et al. [7] (Figure 2.18b
in literature review) as both the experiments are performed on a similar
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material with approximately the same grain size. For convenience the data
are reproduced again in Figure 5.9b. From the ﬁgures, it can be seen that
the sequence of the appearance of the reﬂections about the elastic line is
the same. Further, the lattice strains in (1120) and (1010) separated more
or less at the same stress in both experiments.
5.4.2 Tension along radD of extruded alloy
The macroscopic stress-strain curve for radD test is signiﬁcantly diﬀerent
to EDT (Figures 5.3a and 5.5). The much lower yield stress during tension
along radD can be ascribed to deformation by tensile twinning [72]. The
elastic lattice strain variations for the strain path radD are plotted in
Figure 5.10. The elastic line corresponding to Young‘s modulus is again
represented by the dashed line. The grains (1012) and (1013) yield at an
applied stress of ∼ 90 and 100 MPa respectively. This is attributed to the
activation of basal slip. As the yielding in (1012) and (1013) grains occur
due to basal slip, the load is shed to (0002), (1010) and (1120) grains. As
a result, these grains take more lattice strain. At the macroscopic yielding
point the (0002) grains cease to take more load, as seen by the saturation
in the lattice strain accumulation at ∼ 108 MPa. The saturation in the
lattice strain of (0002) grains is probably due to the initiation of tensile
twinning. Simultaneously, the lattice strains in (1010) and (1120) continue
to grow together until ∼ 140 MPa. It will be shown in section 5.5 that the
orientations (1010) and (1120) increase in intensity above the macroscopic
yielding. Therefore, the lattice strain changes in (1010) and (1120) are
partially due to the twinned grains that form in material after yielding.
Above ∼ 140 MPa, the lattice strains in (1120) are smaller to those seen in
the (1010) reﬂections.
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Figure 5.9: Elastic lattice strain evolutions during EDT from a) current
experiments and b) Muransky et al. [7].
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Figure 5.10: Elastic lattice strain variations during tension along radD
of extruded alloy.
5.4.3 Tension along ND of rolled alloy
The in-situ tensile deformation behaviour during NDT of a rolled alloy is
similar to tension along the radD of extruded alloy. However, there are two
main diﬀerences between these two strain paths. Firstly, yielding occurs at
lower applied stress of ∼ 60 MPa in the rolled alloy due at least in part to
the relatively coarser grain size (∼ 20 μ m) and secondly, the (1010) and
(1120) reﬂections are absent before yielding but appear upon twinning in
the NDT test.
Inspection of the lattice strain variations in Figure 5.11 reveals that the
(0002) grains follow the elastic line in the investigated stress range. It
is anticipated that a relaxation in lattice strains of (0002) grains occurs
at the macroscopic yielding due to tensile twinning. However, due to the
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major fraction of (0002) grains perpendicular to the loading direction in
the rolled alloy, the lattice strain behaviour of (0002) followed the average
behaviour of the aggregate. The yielding in (1012) grains occurs at an
applied stress of ∼ 30 MPa. This is observed by the deviation in lattice
strains from the elastic line. However, due to the weak intensity in (1012)
reﬂection (Figure 5.8), the uncertainty in the lattice strain determination is
too high ( ∼ 10-14% ) to locate the exact yield point. As seen in the inset
of Figure 5.11, a saturation in the lattice strain of (1013) grains can be seen
at ∼ 56 MPa. Also note that at ∼ 60 MPa (inset in Figure 5.11), the birth
of the new twin orientations (1010) and (1120) can be seen. Therefore the
plastic relaxation in (1013) may be due to either basal slip or twinning or
both.
The challenge with the new (1010) and (1120) twin reﬂections is to assign
them a strain free reference, do value. Appropriate do values were found
using a Pawley reﬁnement of the transmission XRD proﬁles (section 4.7.5).
The lattice parameters obtained are listed in Table 4.2. The lattice
parameters reported in Table 4.2 are in close agreement with the lattice
parameters recently reported by Balogh et al. [60].
With the use of the do values in table 4.2, the lattice strain in new twins
is seen to vary over the range 0 − 0.0003 ε. Despite the range of absolute
values that can be achieved from the use of these values, the uncertainty in
the 2θ measurement of the starting peak is very high (∼ 50% ). This is due
to the very weak intensity in the (1010) and (1120) peaks at the onset of
twinning. The uncertainty reduced drastically (< 10%) for the subsequent
loadings as the twins gain suﬃcient intensity. Further, it is clearly evident
that the lattice strain increases rapidly with a little increase in the applied
stress until the twins achieve the stress of the parent reﬂections or until the
twins gain suﬃcient volume to participate in the plastic deformation (inset
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Figure 5.11: Elastic lattice strain variations during tension along ND
of the rolled alloy.
in Figure 5.11). It is interesting to note that the separation of the strains
seen for the two twin reﬂections (1010) and (1120) occurs at a similar stress
value (∼ 140 MPa ) as seen in the radD test.
The lattice strains for the (1011) reﬂection are erratic due to its weak
intensity (0.3 % of I(0002)) in the elastic region (Figure 5.8). They gain
intensity after twinning and so only the points corresponding to the twinning
in (1011) are shown in Figure 5.11. With increase in the applied load, the
strains in these orientations move towards the elastic line. This is also in
agreement with the results from radD in Figure 5.10.
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5.5 Integrated intensity variations
The integrated intensity (or ‘intensity’) reveals changes in texture during
in-situ loading. This term is deﬁned here as the area under the peak
determined from the Gaussian proﬁle ﬁtting function. For transmission
geometry, the integrated intensity of the reﬂection is directly proportional
to the volume fraction of the diﬀracting planes whose scattering vector is
parallel to the applied load direction.
For EDT measurements, the intensities of the reﬂections at the beginning of
the test are normalised to 100% and the relative change in the intensity is
depicted in Figure 5.12 as a function of the applied stress. The percentage
error in the estimation of the integrated intensity of the Gaussian proﬁle ﬁt
is ∼ 5 % for the weak reﬂections during EDT. It is evident from the ﬁgure
that there are no signiﬁcant changes in the intensity of reﬂections. This is
due to the absence of tensile twinning during EDT and is in agreement with
the previously published results by Agnew et al. [6] and Muransky et al.
[7].
On the other hand, signiﬁcant changes in the intensities occurred during
radD and NDT tests. In Figure 5.13 it is evident that the intensities in
(0002), (1013) and (1012) reﬂections decreased, while that of (1010), (1011)
and (1120) increased. As noted above, the changes in the intensities can
be attributed to the formation of tensile twinning by the reorientation of
basal poles by ∼ 86.3◦ [12, 17, 19]. Upon nucleation of the twin, a volume
of material transfers from the parent orientation to the twin orientation
thereby reducing the volume fraction and the intensity of the parent grain
reﬂections. Figures 5.13a and 5.14a show the decrease in the parent grain
volume fraction as the percentage change in the intensity with respect to
the normalised intensity of the initial reﬂection during radD and NDT tests.
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Figure 5.12: The relative change in intensities as a function of applied
stress for tension along ED.
While the drop in the (0002) intensity is most rapid, the {1012} intensity
falls slowly. The intensity drop in (1013) is intermediate to (0002) and
(1012). This is qualitatively in accordance with the Schmid law where the
max Schmid factor for {1012} < 1011 > tensile twinning is 0.5 for (0002),
0.34 for (1013) and 0.22 for (1012). Due to the weak intensity of (1012) in
the rolled alloy the uncertainty in the intensity is high. For clarity, the data
is not shown in Figure 5.14a.
Illustrated in Figures 5.13b and 5.14b, are the reduced intensities
corresponding to the (1010), (1011) and (1120) twin reﬂections as a function
of applied stress. The reduced intensity is calculated from the integrated
intensity of the X-ray proﬁles using the methodology described as follows.
The intensity associated with the (hkil) planes (whose scattering vector is
along the loading direction) diﬀracting into the detector, I(hkil), is directly
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proportional to the multiplicity, j(hkil), which is deﬁned as the contribution
of intensity from the proportion of planes with symmetric (hkil) reﬂections
of same d-spacing; structure factor, |F |2(hkil), which deﬁnes the scattering
eﬃciency of the unit cell; and Lorentz-polarization, LP(hkil), of the (hkil)
diﬀracting lattice is the polarisation of X-ray beam. The reduced intensity,
IR, is given by
IR ∝ I(hkil)
j(hkil)|F |2(hkil)LP(hkil)V(hkil)
(5.1)
where V(hkil) is the volume of the unit cell. Figure 5.13b and 5.14b reveal a
high rate of twinning in orientations that produce (1010) reﬂections. Such
orientations are near to those responsible for the (0002) reﬂections in Figures
5.13a and 5.14a.
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5.6 Discussion
5.6.1 Stress-strain behaviour
The stress-strain behaviour (Figure 5.3) for the diﬀerent strain paths
studied here show the general characteristics of the stress-strain curves for
polycrystalline Mg alloys [34]. During tension along ED the deformation
proceeds mostly by slip, whereas during the radD and NDT tests, tensile
twinning also occurs [72]. As discussed in the literature review, despite the
low yield stress that occurs during deformation by tensile twinning it can
lead to high eﬀective work hardening rates and extended uniform elongations
[41]. The subsequent discussion examines the slip/ twinning events in more
detail.
5.6.2 Schmid factors for slip and twinning activities
The activation of various slip and twinning processes for Mg alloys has been
rationalized by the critical resolved shear stress (CRSS) criterion [17, 74, 76]
given by the Schmid law (Section 4.1 in literature review). Slip occurs once a
critical resolved stress is achieved. Twins, however, can also form on systems
where the resolved shear stress appears to be low - i.e. on systems with a
low Schmid factor [57]. The Schmid factors will be employed to analyse the
present results. To help with this, Table 5.4 provides the Schmid factors of
major slip/ twin systems when load is applied perpendicular to the (hkil)
plane.
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Basal slip Prismatic slip Pyramidal slip Twin
〈c+ a〉2nd
Plane ⊥ Load (0001) {1010} {1122} {1012}
< 2110 > < 1210 > < 1123 > < 1011 >
(1010) 0 0.43 0.33 -0.5
(0002) 0 0 0.45 0.5
(1011) 0.36 0.34 0.32 0.03
(1012) 0.43 0.2 0.27 0.22
(1013) 0.39 0.12 0.4 0.34
(1120) 0 0.43 0.45 -0.37
(1122) 0.45 0.31 0.4 0.14
(2021) 0.2 0.4 0.38 -0.45
Table 5.4: The maximum Schmid factor for various modes seen during
tension perpendicular to the (hkil) planes shown.
5.6.3 Deformation slip
5.6.3.1 Basal slip
The basal slip is the easiest of all the slip modes that can occur in Mg alloys
[26]. It occurs on (0001) planes along < 1120 >.
From the Schmid factors in Table 5.4, it is anticipated that basal slip is
likely to occur in grains with their (1011), (1012), (1013) and (1122) normals
parallel to the loading axis. During EDT measurements, relaxation due to
basal slip was observed in (1122) and (1011) orientations, whereas during
radD and NDT tests it occurred in (1011), (1012) and (1013) grains. The
CRSS values for basal slip estimated from the uniaxial stress at which the
given reﬂection deﬂected from the elastic line are depicted in Table 5.5.
The CRSS for basal slip in extruded alloy varies in the range of 32 − 37
MPa. The CRSS for basal slip in the rolled alloy during NDT varies from
20 to 25 MPa. The relatively low CRSS for basal slip during NDT when
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compared with EDP is most likely due to the bigger grain size in the rolled
alloy (20 μ m in rolled compared to 6 μ m in extruded alloy).
The CRSS values for basal slip reported in literature (Table 2.4) are
compared with the current results in Figure 5.15 as a function of grain size
(d−1/2). It is clear from the ﬁgure that the CRSS values for basal slip from
the current in-situ results compare favourably with the EPSC predictions.
The disagreement with the VPSC or Sachs models is due to the fact that
those models do not account for the elastic eﬀects. It is known however
from in-situ neutron measurements [6, 7] and from current results that basal
slip occurs below the macroscopic yielding. This further suggests that the
micro-yielding that is observed from the current in-situ results can be best
represented by the elasto-plastic simulations.
Strain path Plane Lattice strain Lattice stress CRSS
(hkil) (ε) (MPa) (MPa)
EDT (1122) 0.001847 83 37
(1011) 0.00222 100 36
radD (1012) 0.0017 76 33
(1013) 0.00186 84 33
(1011) 0.002 90 32
NDT (1012) 0.00104 47 20
(1013) 0.0014 63 24.5
Table 5.5: The CRSS for basal slip during EDT, radD and NDT tests
in AZ31 alloy.
5.6.3.2 Non-basal slip
The most common non-basal slip modes available in the deformation of
polycrystalline Mg alloys are Pr〈a〉, Py〈a〉 and Py〈c + a〉2nd slip systems
[6, 7, 37]. Among these, the Py〈a〉 slip was not considered as a separate
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Figure 5.15: Hall-Petch relationship plotted for the basal slip CRSS in
AZ31 alloy [5–7, 20, 77].
deformation mechanism because the combination of Ba〈a〉 and Pr〈a〉 slip
provides the same deformation as Py〈a〉 [5, 26]. Agnew et al. [5, 6] used
Ba〈a〉 and Pr〈a〉 slips to simulate the macroscopic yielding of Mg alloys.
Above the macroscopic yielding, the Pr〈a〉 slip dominates the deformation
during IPT, whereas the activity of Py〈c+a〉2nd slip was needed to simulate
the lattice strain evolution during TTC [5]. Agnew et al. [6] and Muransky
et al. [7] used both Pr〈a〉 and Py〈c + a〉2nd slip along with Ba〈a〉 slip to
simulate the lattice strain evolution during EDT.
5.6.3.3 Tension along ED
Our current results from EDT (Figure 5.9) are in a good agreement with
Muransky et al. [7]. From the Schmid factors in Table 5.4 the prismatic
slip is likely to occur in the (1010) and (1120) family of grains. However,
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no obvious relaxation indicating Pr〈a〉 slip was clear in the corresponding
lattice strains (Figure 5.9). This can be understood from the extensive load
sharing between the grains that are favourably oriented for prismatic slip
and the (1011), (1122) grains that are already yielding by basal slip.
At higher stresses, a divergence in the lattice strains of the (1010) and
(1120) grains was observed. This was also observed by Muransky et al.
[7]. The divergence was suggested by them to be due to the Py〈c + a〉2nd
slip on (1122) pyramidal planes [6, 7]. From the Schmid factor values in
Table 5.4 it can be seen that the Schmid factor for Py〈c + a〉2nd slip is
nearly 50% higher in the (1120) grains compared with (1010). This value is
in a reasonable agreement with the value used in EPSC simulations (∼ 95
MPa) by Muransky et al. [7].
5.6.3.4 Tension along radD or ND
Prismatic slip is the most easily activated non-basal slip deformation
mechanism to simulate the macroscopic yielding in Mg alloys [5, 26]. Similar
to the EDT case above, the relaxation due to prismatic slip is not clear due to
extensive load sharing between soft and hard orientations in radD. Yielding
due to prismatic slip, however, was not obviously detectable in the NDT
tests because of the texture.
Despite the diﬀerent initial texture and grain sizes in both extruded and
rolled alloys, it is interesting to note that the divergence of the lattice strains
of (1010) and (1120) reﬂections occur at the same stress value of ∼ 140 MPa
(Figure 5.10a, b). These orientations are the twins in NDT; they were not
present at the start of the test. Note that during radD, there is also a small
fraction of the already existing grains contributing to these orientations.
Perhaps, this phenomenon is due to prismatic slip. The absence of any
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obvious grain size eﬀect on the critical stress on the divergence of (1010)
and (1120) strains may suggest a negligible impact of twins on the slip
length. That is, it shows an interesting constancy of CRSS for prismatic
slip (CRSSp) in twins.
5.6.4 Deformation by twinning
Of the three strain paths studied here, tension along radD of extruded alloy
and along the ND of the rolled alloy produce proliﬁc tensile twinning. The
lattice strain evolution in the twin orientations and the respective CRSS
values are discussed in this section.
5.6.4.1 Internal stress in the twinned grains
Tensile twinning occurs by the reorientation of the parent lattice by
approximately 86.3◦ causing a localised shear in the region swept by the
twin. Due to the conﬁning eﬀect of the surrounding material, a reversal
in the stress has been reported in the newly nucleated twins [20, 59].
Tensile stresses of ∼2000 με in the axial direction were measured by
neutron diﬀraction in new twins formed under compressive loading [20].
The stress measurements from neutron or X-ray diﬀraction, in general are
averaged over the bulk of the volume. Observations of the local stresses
by Aydiner et al. [59] found a small reversal in the resolved shear stress
along the twin plane. Despite the reversal in the stress at twinning onset,
they subsequently followed the sign of the applied load. However, other
researchers [12, 17, 19, 24] have not observed such reversal in the stress
at the onset of twinning using neutron [12, 17, 19] or synchrotron X-ray
diﬀraction [24] in AZ31 and ZM20 Mg alloys. Garces et al. [24] did not
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show the reversal in the stress for AZ31 but the lattice strain in AZ31-SiC
composite exhibited reversal stresses.
Our current results also show no reversal in stress in the twins. Due to the
already existing (1010) and (1120) grains in the extruded microstructure,
the measurement of the stress in the twins was not possible during radD.
However, if a reversal in the stress of 2000 με is expected to occur at
the onset of twinning, the diﬀraction peak corresponding to the new twin
orientations would have been clearly distinguished from the already strained
(1010) grains. Figure 5.16 shows schematically (but to scale), the expected
2θ position of the already existing and the new twin orientations. It can be
seen from Figure 5.10 that the lattice strain in already existing (1010) grains
just below macroscopic yielding are ∼2000 με for a 2θ shift of ≈ 0.1◦2θ. At
this point, if the twin is formed with a reversal in the stress of 2000 με, the
lattice strains in (1010) reﬂections would have saturated or grown relatively
slowly. Instead a constant increase in the lattice strain was observed.
Alternatively, in the case of NDT (Figure 5.11), there are no (1010) grains
prior to the macroscopic yielding. Therefore, the lattice strain of the new
(1010) reﬂections truly represents the twins. The new twins appear with
approximately zero lattice strains. With a small increase in the applied
stress, the lattice strain in the twins increases quickly until they attain the
stress of the parent grains. This is a transient phenomenon. Signiﬁcant
hardening in the twins occurs within a small increment of applied loads
(< 10 MPa) following twin onset.
5.6.4.2 CRSS for twinning
The formation of tensile twins in Mg alloys is assumed to follow the shear
stress law [17, 19, 74]. Twinning occurs when the resolved shear stress on
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diﬀraction data.
the twin plane in the shear direction attains its critical value. Gharghouri
et al. [17], during cyclic loading of a Mg-7.7wt.%Al alloy, found a CRSS
of ∼ 70 MPa using in-situ neutron diﬀraction. Crystal plasticity models
have been developed by assuming a critical shear stress law for simulating
twinning in Mg alloys [76]. While it is well accepted that a CRSS law holds
for the twin growth [19, 57], it appears that twin nucleation does not always
follow the CRSS law [57]. Nucleation of a tensile twin occurs not only in the
favourably oriented grains [57], bigger grains that are not ideally oriented
also seem to be twinned. In the following, we attempt to rationalize the
present results using a CRSS law.
Due to the diﬃculty in ﬁnding the exact yield/ inﬂection point for twinning
from the lattice strain plots, the CRSS for twinning was estimated from
the intensity changes of the parent grains. The decrease in the intensity of
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(0002), (1013) and (1012) in Figure 5.13a, c was attributed to the formation
of tensile twinning. Due to the uncertainty in the intensity measurement
(see data for the slip only case in Figure 5.12) and the scatter in the intensity
data in the elastic region the critical stress was established as the maximum
stress seen for 10% twinning.
The maximum Schmid factors for tensile twinning when tensile forces are
applied perpendicular to (0002), (1013) and (1012) planes are 0.5, 0.34 and
0.22 respectively. The stress state in (0002) grains is assumed to be uniaxial.
No basal slip occurs in these grains. The lattice stress in the extruded
and rolled alloys at 10% twinning is ∼ 111 and 84 MPa respectively for
rolled and extruded alloys. This is the same as the applied stress for (0002)
grains shown in Table 5.6. Therefore, the resolved shear stress for 10% twin
nucleation can be calculated directly from the applied stress multiplied by
the maximum Schmid factor for twinning. There is also no ambiguity with
regards to the Schmid factor of the active twins; all variants have the same
value. However, the c-axes of (1013) and (1012) grains are oriented with
angles 32◦ and 45◦ respectively to the load axis. As seen in Figures 5.10 and
5.11, the lattice strains in the (1012) and (1013) are relaxed ﬁrst by basal
slip. Although basal slip is expected to relax the normal lattice strains,
this will not aﬀect the lattice shear stress on the twin plane of the same
grain; because the two shears are near to 45◦ to each other. Therefore, for
a ﬁrst approximation, one can simply multiply the applied stress with the
maximum Schmid factor for twinning for that respective orientation. The
calculated CRSS values for twinning are shown in Table 5.6.
It is found that the CRSS for twinning is less during NDT than during
radD. This is probably due to the relatively bigger grain size in the rolled
alloy (20 μm in rolled compared to 6 μm in extruded alloy). Brown et al.
[19] used 50% drop in intensity to calculate the CRSS. For comparison the
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For 10%drop For 50%drop
Test Plane Applied stress CRSS Applied stress CRSS
(hkil) MPa MPa MPa MPa
radD (0002) 117 58.5 155 77
(1013) 137 47 215 73
(1012) 178 39 - -
NDT (0002) 80 40 102 51
(1013) 101 34 163 55
Table 5.6: CRSS values estimated from 10% drop in the intensity of
parent reﬂections.
CRSS for 50% twinning is also calculated and listed in Table 5.6. It can
be clearly seen that the CRSS for 50% twinning is nearly the same for the
(0002) and (1013) reﬂections within the experimental uncertainties, during
radD and NDT. This is in a good agreement with the already published
results that a CRSS criterion is valid for twin growth [19, 40, 57].
On the other hand, diﬀerent CRSS values are obtained for the diﬀerent
families of grains when considering the point of 10% twinning. This suggests
that twin nucleation might not follow a CRSS law. However, the true stress
state is not known so a ﬁrm conclusion is not possible. As noted above,
the CRSS values obtained for the (0002) reﬂections are likely to reﬂect the
actual values. A CRSS of 58.5 MPa is observed for 10% twinning in (0002)
planes for radD tension (Table 5.6). This is in close agreement with the
CRSS of 60 MPa reported by Clausen et al. [20] using EPSC modelling
ﬁtting for AZ31 extruded alloy with a similar grain size.
The decrease in CRSS for less favoured orientations suggests that twins are
formed more easily in those grains. The easy nucleation of twins could be
due to the autocatalytic activity of twin nucleation [12]. That means, the
twins that formed in a grain can stimulate the nucleation of new twins in
neighbouring grains, thereby making easier nucleation of twins. Muransky
et al. [12], during compression along ED of ZM20 alloy, found that the
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intensities of diﬀerent orientations dropped at the same applied stress value
(Figures 5 c and e in ref [12]). This was attributed to twin autocatalytic
activity. However, from Figure 5.14 and Table 5.6 it is clear that the
intensity drop occurred at diﬀerent applied stress values and therefore at
diﬀerent times. Therefore autocatalytic mechanism appears not to be the
case in the present NDT and radD tests, though some sort of interaction
cannot be completely ruled out.
The other possibility is that the early basal slip that occurred in the
(1012) and (1013) grains stimulates twin nucleation. Basal dislocations
can combine with grain boundary dislocations to dissociate into partials
and twinning dislocations [55]. The lower CRSS value in (1012) grains than
in (1013) further supports this explanation, as the twinning can be formed
easily due to more basal slip in (1012) grains than in (1013).
5.7 Summary and Conclusions
In this chapter, a laboratory based transmission X-ray diﬀraction was
utilised to study the lattice strain evolution during slip and twinning in
extruded and rolled AZ31 alloys. In-situ tensile tests were performed along
the radD of extruded alloy and ND of rolled alloy. From the lattice strain
and diﬀracted intensity evolution of the measured reﬂections, the following
conclusions can be made.
1. The lattice strain evolution during EDT showed “very similar” results
to the literature. No intensity changes were observed due to slip only
deformation during EDT.
2. The activity of basal slip was found in the favourable orientations
that yielded at a stress below the macroscopic yielding. The CRSS
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for the basal slip varied in the range of 32-37 MPa depending on the
orientation and strain path. Due to the relatively bigger grain size,
the basal slip for rolled alloy varied between 20-24 MPa.
3. No clear deﬂection due to prismatic slip was observed in the favourable
grains due to the extensive load sharing between the soft and hard
oriented grains.
4. Both (1010) and (1120) twins form with almost zero lattice strains at
their onset. This is however transient. They accumulated more lattice
strains for additional applied stress increments smaller than 10 MPa.
5. Tensile twinning was realised by the decrease in the intensities of
(0002), (1013) and (1012) orientations. In agreement with literature,
twin growth (CRSS for 50% twinning) clearly holds the Schmid law.
However, the CRSS for 10% twinning is smaller in orientations that
are not favourably oriented for twinning. Twinning in those grains
appeared to be promoted by the prior basal slip in those grains.
6. The maximum CRSS for 10% twinning in (0002) grains is ∼ 58 and
40 MPa respectively for extruded and rolled AZ31 alloys. The high
CRSS value in the former is due to the smaller grain size (6 μm) than
the latter (20 μm).
Chapter 6
Evolution of lattice strain in
extruded and rolled AZ91
alloys
6.1 Introduction
The lattice strain evolution during slip and twinning for tension along the
radial direction (radD) or normal direction (ND) of extruded and rolled
AZ31 alloys were discussed in the last chapter. In this chapter, we present
a similar experiment carried out using alloy AZ91 to investigate the eﬀect
of precipitates.
Firstly, the material processing conditions are given in section 6.2.
This is followed by the microstructural, texture, mechanical and X-ray
characterisation of the AZ91 alloy in sections 6.3-6.6. The lattice strain
evolution (section 6.7) and the intensity changes (section 6.8) during in-situ
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tensile testing along ND of rolled and radD of the extruded AZ91 alloys are
presented. A discussion of the results is presented in section 6.9.
6.2 Material processing
Commercially purchased AZ91 cast alloy was used. The chemical
composition of the alloy is given in Table 6.1. The nominal composition
of the alloy is Mg-9wt.%Al-1wt.%Zn. The alloy was solution treated at
425◦C for 12 hours in an argon atmosphere, followed by quenching in water.
The homogenised alloy was hot rolled at 400◦C. The alloy was rolled to a
total strain of 0.8 in 25 passes. The interpass annealing time was limited to
10 minutes in order to avoid the growth of grains. After the ﬁnal pass,
the alloy was solution treated at 400◦C for 15 minutes to dissolve any
precipitation that occurred during rolling.
The AZ91 extrusion was obtained by extruding the rolled alloy. Cylindrical
billets of 60 mm were cut from the rolled alloy. Hot extrusion was performed
along the ND direction of the rolled alloy at 380◦C. In order to perform an
in-situ tensile test along radD, we are limited by the length of the tensile
sample to a minimum of 30 mm (See Figure 5.4). Therefore the diameter
of the extrusion billet was reduced only from 60 mm to 30 mm in a single
pass (extrusion ratio of 4). No further reductions were given. The samples
were air cooled following extrusion. The extruded billet was heat treated
at 380◦C for 1 hour prior to ageing to dissolve any precipitates that formed
during air cooling after extrusion. The heat treatment time was limited
to 1 h in order not to increase the grain size. A grain size above 20μm
distorts the shape of the transmission XRD proﬁles and this impairs the
in-situ measurements (Chapter 4).
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Element Al Zn Mn Fe Si Mg
wt.% 8.56 0.838 0.27 0.01 0.01 Rest
Table 6.1: Chemical composition of AZ91 cast alloy using atomic
spectrometer analysis.
6.3 Hardness
The age hardening response of the extruded and rolled AZ91 alloys was
investigated by ageing the samples at 200◦C for diﬀerent ageing times.
The samples were polished down to OPS (section 3.2) for the hardness
measurements. The samples were measured by Vickers microhardness with
an applied load of 100 g by taking an average of at least 8 indents on the
sample. The age hardening response of AZ91 alloy is shown in Figure 6.1.
It is observed that the alloys hardened after 10 h of ageing treatment. The
hardness remained relatively constant in the samples aged longer than 10
h. Samples aged for 30 h are used for the in-situ studies below.
6.4 Microstructure and texture
6.4.1 Starting material
The normal direction inverse pole ﬁgure (ND IPF or Y-direction IPF) map of
the hot rolled AZ91 sheet obtained from EBSD is shown in Figure 6.2a. The
as-rolled and annealed (RA), microstructure contains ﬁne grains and a small
fraction of large grains. The average grain size calculated from two large
maps is 10μm. The grain size of the large grains varies from 200 to 400μm
in the two large maps collected. From the (0002) pole ﬁgure in Figure 6.2c,
it is clear that the rolled AZ91 alloy has the characteristic rolling texture
of Mg alloys. The basal poles are aligned along the ND of the rolled alloy.
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Figure 6.1: The Vickers microhardness measurements of a) rolled and
b) extruded AZ91 alloy as a function of ageing time.
There is about a 30◦ spread in the basal poles about the ND. There is also a
negligible fraction of small grains oriented perpendicular to ND (green and
blue grains in Figure 6.2a). These are equiaxed grains formed during hot
rolling, not twins. The same were also observed by Stanford et al. [11].
The ED-IPF (extrusion direction ‖ Y-direction IPF) map of AZ91 extrudate
is shown in Figure 6.3a. Unlike the rolled alloy, the grain structure after
extrusion is homogeneous with an average grain size of 10μm . Following
extrusion the samples were annealed at 380◦C for 1 h (EA). The average
grain size of the EA alloy is ∼ 15μm (Figure 6.3b). The texture, however
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Figure 6.2: a) ND IPF map obtained from EBSD measurements, b)
the grain size distribution and c) the (0002) pole ﬁgure of the as-rolled
AZ91 alloy.
is seen to be inhomogeneous, with clusters of grains evident in the EBSD
map in Figure 6.3a.
Figure 6.3c shows the (0002) pole ﬁgure from a large region (2.5× 1mm2).
The ED is along the North and South poles of the pole ﬁgure. From
the pole ﬁgure it can be seen that the rolled texture was still preserved
after extrusion. Not all the grains in the rolled alloy are rotated to attain
the extrusion texture. This is probably due to the small reduction in the
extrusion cross-section (extrusion ration of 4), due to which the texture is
inhomogeneous across the cross-section. This has a major inﬂuence on the
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alloy.
intensities of in-situ transmission XRD proﬁles, as will be discussed later in
section 6.6.
6.4.2 Aged microstructures
The Backscatter electron (BSE) imaging of the aged samples are shown
in Figure 6.4 for the rolled alloys. The microstructure consists of both
continuous and discontinuous precipitates characteristic of the Mg-Al alloy
system [84]. Celotto [84] has shown that the discontinuous precipitates
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(cellular growth) are formed along the grain boundaries at the beginning
stage of ageing. They can be seen in Figures 6.4 a-d. However, their growth
was limited at high ageing times and continuous precipitates were formed
within the grain interiors. The continuous precipitates were plate-like
showing lamellar and lath morphologies. Such precipitates can be identiﬁed
in Figure 6.4b,c and d for the rolled and aged for 30 and 40 h at 200◦C.
By increasing the ageing time from 30 to 40 h, the fractions of the lamellar
precipitates slightly decreased and the width of the lath shaped and lamellar
precipitates were increased after 40 h of ageing (Figure 6.4d).
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Figure 6.4: Backscatter electron images of AZ91 rolled alloy showing
diﬀerent precipitate morphologies after ageing at 200◦C for a) 2 h, (b
and c) 30 h and d) 42 h.
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6.5 In-situ loading
Tensile samples for in-situ loading were cut from the rolled and extruded
alloys based on the schematic diagram shown in Figure 5.4. In the case of
the rolled alloy the tensile direction is along ND, whereas for extruded alloy
it is along the radD. This loading geometry will ensure that a tensile force is
acting along the basal poles and is suitable for tensile twins to form during
tensile loadings.
A uniaxial tensile load was applied to the samples in constant strain mode.
The samples were held at the desired strain value to collect the transmission
X-ray diﬀraction proﬁles. The macroscopic stress read by the load cell is
plotted as a function of extension (in mm) for the non-aged and the aged
alloys in Figure 6.5. From the in-situ loading curves it is clear that there is
a deﬁnite increase in the ﬂow stress upon ageing by ∼ 50 MPa.
6.6 Interpretation of transmission XRD
proﬁles
Transmission XRD proﬁles of the rolled and annealed (RA), and aged AZ91
alloys are shown in Figure 6.6a. Due to the strong basal (0002) ﬁbre texture
along the ND of the rolled alloy, the (1010) reﬂection is initially absent.
There is a small (411) peak corresponding to theMg17Al12 precipitate phase
in the RA alloy. Upon ageing there is a considerable increase in the intensity
of the precipitate peak signifying increase in the volume fraction of the
precipitate phase.
Figure 6.6b shows the transmission XRD proﬁles of the extruded and
annealed (EA), and the aged AZ91 alloy. Due to the inhomogeneity
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Figure 6.5: Macroscopic stress−elongation curves during in-situ
loading of a) rolled and b) extruded AZ91 alloys.
in the texture of the extruded alloy, the intensities of the reﬂections
are signiﬁcantly diﬀerent for the two samples. The intensities of the
reﬂections (1010) and (1011) are compared with respect to the intensity
of (0002) in Table 6.2. It is clear from the table that although the
(0002) reﬂections dominate, the relative intensities of the reﬂections diﬀer
signiﬁcantly between the samples. The increase in the intensity of the
(411) precipitate reﬂection in the aged alloy is again due to the evolution of
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Orientation Starting material Aged
I(1010)/I(0002) 0.35 0.06
I(1011)/I(0002) 0.23 0.065
Table 6.2: Relative intensities of important reﬂections among the three
samples in extruded AZ91 alloy.
Mg17Al12 phase.
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Figure 6.6: Transmission X-ray proﬁles of (a) rolled and (b) extruded
AZ91 alloy before and after ageing at 200◦C for 30 h.
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Material a c
AZ31 3.19868 5.19437
AZ91-RA 3.18548 5.16957
AZ91-RA + aged 3.1964 5.1925
Table 6.3: Lattice parameters of AZ31 and AZ91 rolled alloys.
It is observed from the Figures 6.6a and b that the diﬀraction peaks are
shifted to lower 2θ values in the aged alloy. In order to see if this is because of
the changes in the lattice parameters, the lattice parameters of the non-aged
and aged alloys were determined by performing Pawley reﬁnement (section
4.7.3) of the XRD patterns obtained in reﬂection mode. The reﬁned lattice
parameters are listed in Table 6.3 for the rolled AZ91 alloys. The lattice
parameters of the rolled AZ31 from chapter 4 is also shown. In agreement
with more Al weight percent in AZ91, the lattice parameters, a and c are
decreased from that of AZ31 (see ref. [140] and Table 6.3). Upon ageing of
the rolled AZ91 alloy the lattice parameters are increased (Table 6.3). The
increase in the lattice parameter after ageing is due to the loss of Al solute
from the Mg matrix. It is already known that after ageing of the AZ91
alloy the mechanical properties of the selected deformation mechanisms are
inﬂuenced due to the loss in Al solute [11, 141].
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6.7 Evaluation of the lattice strain
evolution
The methodology used in the data processing of transmission X-ray
diﬀraction proﬁles was discussed in Chapters 4 and 5. Following this
methodology, the lattice strain variations are compared between the
non-aged and the aged AZ91 alloys in what follows.
6.7.1 In-situ tension along ND of rolled AZ91 alloy
The lattice strain evolution during tension along ND of the RA AZ91 alloy
is shown in Figure 6.7. Due to the strong basal (0002) ﬁber texture,
the measurement of (0002), (1013) and (1012) reﬂections was possible.
The reﬂections (1010) and (1120) are initially absent but appear upon
macroscopic yielding. As discussed in chapters 4 and 5, the reference lattice
spacings for these two reﬂections are calculated from the reﬁned lattice
parameters obtained from the Pawley reﬁnement of the reﬂections present
at the beginning of the test.
The dashed line in Figure 6.7 represents the elastic line with Young‘s
modulus of ∼ 45 GPa. The error bars represents the maximum uncertainty
of 2.5 × 10−4 in the lattice strains, as determined in Chapter 4. Similar
to rolled AZ31 alloy, the lattice strains in (0002) grains follow the elastic
line. The (1013) reﬂection is seen to diverge from (0002) and elastic line at
an applied load of ∼ 60 MPa. This can be taken to indicate the onset of
basal slip, although there is only subtle evidence of relaxation in the (1013)
reﬂection.
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At the point of macroscopic yielding, a small saturation is observed in (0002)
lattice strains in the applied stress range of ∼ 6 MPa. Above macroscopic
yielding, they exhibited slower accumulation of lattice strains. This can
be attributed to the formation of tensile twinning in (0002) grains. The
reﬂections corresponding to the twin orientations, (1010) and (1120), appear
at the macroscopic yielding. By the time they are ﬁrst seen their internal
strains are only slightly less than those in the (0002) parent reﬂections. The
lattice strain in the twins then mostly increases with the applied stress.
Above the macroscopic yielding, the (1010) and (1120) reﬂections carry
higher loads than the (0002) and (1013) grains.
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Figure 6.7: Lattice strain variation in the matrix and twin reﬂections
during tension along ND of AZ91 RA alloy.
The in-situ lattice strains seen in the aged rolled alloy are plotted in
Figure 6.8. The deviation of the lattice strains in (1012) and (1013)
reﬂections from the elastic line at an applied stress of ∼ 60 and 80 MPa
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indicates the onset of basal slip. As for the RA condition at macroscopic
yielding, a slight saturation in (0002) lattice strains for ∼ 6 MPa and their
relatively slowed rate of accumulation of lattice strains is likely to be a
consequence of twinning in these grains.
The twin daughter reﬂections (1010) and (1120) are shown in Figure 6.8b.
There is considerable uncertainty (% error in ε(= Δε
ε
× 100) =∼ 150%) in
the initial value due to the low intensity of the peak at its onset. However,
for a small increase in the applied stress (∼ 5MPa), the uncertainty reduced
to less than 20%. The absolute value of the lattice strain at the onset of the
two twin orientations are 1410 με and 2380 με respectively. With further
increase in the applied load above the twin onset, they accommodate more
lattice strains. At higher applied stresses, the percent error in the lattice
strain of the twin reﬂection is ∼ 5%.
The lattice strain evolution of the precipitate reﬂections is shown in
Figure 6.8c. Precipitates are elastically stiﬀ and have a Young‘s modulus
greater than the Mg matrix. From Figure 6.8c, it is clear that precipitates
carry a large portion of the applied load. They continue to load elastically
until macroscopic yielding occurs. Above macroscopic yielding, they
accumulate lattice strains at a markedly increased rate. This is because
of the partitioning of the the applied stress to the hard precipitates.
6.7.2 Tension along radD of extruded alloy
Figure 6.9 shows the evolution of lattice strains in (1010), (0002), (1011),
(1013) and (1120) reﬂections during tension along radD of the EA AZ91
alloy. The deviation in the lattice strain of the (1013) reﬂection from the
elastic line (dashed line) at an applied stress of ∼ 60 MPa is probably due
to the occurrence of basal slip. A similar but more subtle deviation can
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Figure 6.8: Lattice strain evolution in the a) matrix, b) twinning and
c) the precipitate reﬂections in the aged AZ91 rolled alloy.
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be seen in the (1011) reﬂections in the range of 90 − 105 MPa. As the
basal slip occurs, the orientations (1010) and (1120) take the load shed
by the grains deforming by basal slip. Whereas, the (0002) grains remain
elastic until the macroscopic yielding. At an applied stress of ∼ 112 MPa,
relaxation of the lattice strains in (0002) grains can be seen. As noted above,
this can be ascribed to twin formation. Above the macroscopic yielding,
the lattice strains in (1010) and (1120) grains continue to increase with
increase in the applied stress. However, the lattice strains accumulate at
a slower rate when compared with the rate of accumulation just below the
macroscopic yielding. As noted above, the lattice strains in (1010) and
(1120) above the macroscopic yielding are due to already existing grains
and the twins that are formed above yielding. The reduced lattice strain
accumulation suggests that the twins are formed in a relatively relaxed state
at macroscopic yielding.
The lattice strain evolution during tension along radD of the aged AZ91
extruded alloy is shown in Figure 6.10a. Clear micro-yielding due to
basal slip is observed in the (1013) orientations at an applied stress of
∼ 110 MPa. The (0002), (1010) and (1120) grains become hard orientations
and accommodate more lattice strains until the macroscopic yielding. Unlike
in the non-aged condition, the increase in the lattice strain accommodation
of (0002) grains below the macroscopic yielding is probably due to the
presence of precipitates in the aged alloy. At macroscopic yielding (∼ 170
MPa), the lattice strains in (0002) and (1010) reﬂections accumulate more
slowly, while the (1120) orientations continue to load elastically until ∼ 225
MPa.
The lattice strains in the (411) precipitate peak corresponding to Mg17Al12
phase (Figure 6.10b), continue to strongly increase with applied stress until
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the macroscopic yielding occurs. At macroscopic yielding, the lattice strain
accumulates at a high rate, as seen in the rolled material.
6.8 Integrated Intensity variations
The integrated intensities of the reﬂections were determined from the proﬁle
ﬁtting of the in-situ transmission diﬀraction proﬁles using Gaussian proﬁle
ﬁtting function (Chapters 4 and 5). It was shown in section 5.5 that the
changes in the intensities of the reﬂections above the macroscopic yielding
were associated with the nucleation and growth of tensile twinning. The
intensity of the measured diﬀraction peak is directly proportional to the
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Figure 6.9: Lattice strain evolution in the matrix and twin reﬂection
during tension perpendicular to ED of the starting material of AZ91
extruded alloy.
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volume of the diﬀracting grains. As the material twins, the volume of the
parent grains decreases and that of the twin orientations increases.
To depict the changes in the parent orientations, the percentage changes in
the intensities with respect to the intensity of the peak at nominal applied
load are plotted as a function of applied stress. Figures 6.11a, b presents
the intensity changes in the (0002) and (1013) parent grains respectively for
the RA and aged alloy. The intensity changes for the EA and the aged alloy
are shown in Figures 6.12a, b. Due to the scatter in the intensity variations
in (1013) the average of the ﬁrst 6 data points are taken as the starting
intensity and the intensity change corresponding to this value was plotted.
The stresses corresponding to a 10% drop in intensity were identiﬁed as an
indication of the critical stress for twinning. The 10% intensity drop in the
(0002) grains occurred at ∼ 105 and ∼ 153 MPa in the RA and aged alloys,
whereas in the extruded alloy, it occurred at ∼ 135 and ∼ 175 MPa. Due
to the large scatter in the (1013) intensities the determination of the 10%
twinning point is diﬃcult to uniquely identify.
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Figure 6.11: Relative change in the intensities due to tensile twinning
in the (0002) and (1013) parent grains as a function of applied stress for
the a) AR and b) aged AZ91 rolled alloy.
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6.9 Discussion
6.9.1 Basal slip
As shown in Figures 6.7, 6.8a, 6.9 and 6.10b, the inﬂection points in the
(1011), (1013) and (1012) reﬂections can be understood in terms of basal slip
(see literature review and section 5.6.3.1 of chapter 5). With the maximum
Schmid factors for basal slip of 0.36, 0.39 and 0.43 respectively for (1011),
(1013) and (1012) reﬂections, the CRSS for basal slip was calculated from
the lattice stress in the respective grains at the point of inﬂection. The
CRSS values are given in Table 6.4.
The CRSS for the basal slip in the RA and EA non-aged AZ91 alloys are
∼ 20 and 21.5 MPa respectively. Irrespective of the diﬀerences in the texture
and grain size the CRSS in both alloys are the same within the experimental
uncertainty. (Note here that the huge grains in rolled microstructure are not
included due to avoidance of their reﬂections.) But when compared with
the CRSS values for basal slip in AZ31 alloys (∼ 25 GPa for 20 μm rolled
and ∼33 MPa for 6 μm extruded AZ31 alloy), the CRSS in AZ91 is seen to
be slightly lower. However, due to more Al solute in AZ91 over AZ31, one
might expect that basal dislocation glide would be hardened more in AZ91.
Nevertheless, the low CRSS in AZ91 alloys may also arise from diﬀerences in
Mn and impurity levels. From the chemical composition analysis in Tables
5.1 and 6.1, it can be seen that Mn concentration is slightly higher in AZ31
(∼ 0.36) alloy than AZ91 (∼ 0.27).
Upon ageing, the CRSS for basal slip increased by ∼ 6.5 MPa in the rolled
alloy and ∼ 17 MPa in the extruded alloy. Stanford et al. [11] used Orowan
hardening model and showed an increase in CRSS for basal slip of ∼5 MPa
after ageing, which agrees with the rolled alloy. The diﬀerence between
Chapter 6. Evolution of lattice strain in extruded and
rolled AZ91 alloys 160
Sample Orientation Lattice strain Lattice stress CRSS
(ε) (MPa) (MPa)
AZ91-RA (1013) 0.00113 51 ± 3 20 ± 1.5
AZ91-RA-aged
(1012) 0.001-0.00136 53 ± 8 23 ± 3
(1013) 0.00152 68 ± 5 26.5 ± 3
AZ91-EA (1013) 0.00117 53 ± 4 21.5 ± 2
AZ91-EA-aged (1013) 0.00217 98 ± 6 38 ± 2
Table 6.4: CRSS for basal slip in Rolled and Extruded AZ91 alloys.
the values obtained in the present extruded and rolled material mirrors
the diﬀerent ageing eﬀects seen in the bulk hardness (Figure 6.1b) and
ﬂow stress data (Figure 6.5b). It probably stems from diﬀerences in the
precipitate dispersion.
6.9.2 Deformation twinning
6.9.2.1 CRSS for twinning
The CRSS for twinning is estimated by multiplying the maximum Schmid
factor for tensile twinning for the respective grains with the applied stress
at 10% drop in the intensity (see discussion in section 5.6.4.2 above). Since
the c− axis of the (0002) grains is along applied load, the normal lattice
strains in those grains is governed by the applied stress. No basal slip occurs
in these grains. Therefore, the stress state in these grains is expected to be
same as the applied stress. This is further conﬁrmed by the lattice stress in
(0002) grains of AZ31 alloys (Section 5.6.4.2 of Chapter 5) being the same
as applied stress within the experimental uncertainty. Therefore, the CRSS
is also calculated from the lattice stress in (0002) grains. The values are
given in Table 6.5.
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Sample Applied stress CRSS Lattice stress CRSS
(MPa) (MPa) (MPa) (MPa)
AZ91-RA 105 ± 4 52.5 ± 2 110 55
AZ91-RA-aged 153 ± 5 76.5 ± 2.5 163 81.5
AZ91-EA 135 ± 5 69 ± 2.5 108 ± 10 54
AZ91-EA-aged 175 ± 6 87 ± 3 182 91
Table 6.5: CRSS for the 10% tensile twinning formation in rolled and
extruded AZ91 alloys for (0002) grains.
It can be seen from the table that, when calculated from the applied stress,
the CRSS for EA alloy is more than the RA alloy, despite the bigger grain
size in the former. Upon ageing there is an increase in the CRSS by 24 ± 4
and 20 ± 5 MPa respectively for the rolled and extruded alloys.
On the other hand, signiﬁcantly diﬀerent results are obtained when
calculating the CRSS from the lattice stress at 10% twinning. It was
observed that the CRSS for rolled alloy (∼ 55 MPa) is higher than the CRSS
for extruded alloy (∼ 54 MPa). The diﬀerences in the CRSS calculated from
lattice stress and applied stress could probably be because of the diﬀerences
in the stress state in the diﬀracting (0002) grains due to plastic deformation
in the neighbouring grains and texture diﬀerences in both the alloys.
Upon ageing of the extruded alloy, the lattice strains in (0002) grains
exhibited little relaxation when compared with the non-aged alloy. This
is probably due to the presence of precipitates in the alloy. The CRSS
calculated from lattice stress in the extruded alloy is increased by ∼ 37 MPa
following ageing. This value is in close agreement with the CRSS increment
(∼ 46 MPa) by Stanford et al. [91] for 30 μm grain size calculated from
the macroscopic compressive yield stress in a similar alloy. Whereas in the
rolled alloy, the CRSS is increased by ∼ 27 MPa for 10 μm grain size. This
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value is also in agreement with ∼ 18 MPa increase in CRSS for a sample
with 70 μm grain size reported by Stanford et al. [11].
In Figure 6.13 the CRSS values are compared for AZ31 and AZ91 alloys from
current study with literature [6, 11, 12, 20, 80, 91, 141]. The CRSS values
for AZ31 from Table 5.6 are also overlayed in the ﬁgure. In agreement with
the literature [12, 20], the CRSS for twinning in AZ31 alloys from current
studies falls more or less on a Hall-Petch type curve as shown in the shaded
region.
The CRSS for the non-aged and aged AZ91 alloys lie above the CRSS for
AZ31 alloys. The data points corresponding to the non-aged rolled and
extruded AZ91 alloys from literature and current study are shown as closed
symbols, while that of aged alloys are shown as open symbols. A decrease in
the CRSS for twinning with increase in grain size is realised in AZ91 rolled
alloy. Whereas the CRSS of non-aged extruded alloys is higher than the
rolled alloys. In all of the aged AZ91 alloys there is a considerable increase
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in the CRSS for twinning upon ageing. The increase in CRSS for twinning in
both alloys are in reasonable agreement with the CRSS increase calculated
from macroscopic yielding as reported by Stanford et al. [11, 91].
6.9.2.2 Twin nucleation and growth
The intensity changes in the (0002) parent reﬂection is due to the nucleation
and growth of twins. The volume fraction of the (1010) twins in (0002)
parent grains is plotted as a function of plastic strain 1 (Figure 6.14a)
and applied stress (Figure 6.14b and c) for rolled and extruded alloys.
Also shown in Figure 6.14a are the twin fraction in (0002) grains of AZ31
extruded and rolled alloys. It is clear that the twin volume fraction remains
relatively the same with plastic strain in the AZ31, non-aged and aged AZ91
alloys. This result is in agreement with Stanford et al. [91]. Approximately
65% twinning was observed at a plastic strain of ∼ 4%.
A signiﬁcant increase in the ﬂow stress is observed in the aged alloys (Figures
6.14b and c). This says that despite the similar plastic strains in the
non-aged and aged alloys, the stress required for the twin formation is higher
in the aged alloys. In addition, it is found that the rate of increase in the
twin volume fraction is slightly more rapid in the case of the aged alloy than
in the non-aged alloys (Figure 6.14b). This eﬀect is not as apparent in the
extruded material (Figure 6.14b). One interpretation is that it arises from
a strong inﬂuence of precipitation on twin growth [11]. It is important to
remember that the volume fraction change is due to both twin nucleation
and growth events. However, it is not possible to distinguish the two
events from diﬀraction analysis [12]. In the following a constitutive equation
1Plastic strain (strain above yielding) is calculated from the the macroscopic
stress-extension curves in Figure 6.5 after correcting the slack in the in-situ Deben stage
by comparing them with the mechanical stress-strain curves obtained from instron tensile
testing.
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approach for twin growth is used based on the methodologies developed by
Barnett and co-workers in [40, 41] to see if the eﬀect of volume fraction
changes can be rationalised by twin growth alone.
Barnett and co-workers [40, 41] studied the eﬀect of nucleation and growth
on the volume fraction changes. They calculated the volume fraction of
twin (Vf ) from the nucleation volume number density (Nv), mean twin
volume (Vt), twin aspect ratio (q), the stress required for driving the twin
dislocations, σ∗ and the applied stress (σapp). From the equations in [40, 41],
we can assume the volume fraction of twinning for the non-aged sample can
be given at a given level of applied stress, σapp, by:
V nAf = αNv(σapp)(σapp − σ∗nA) (6.1)
where σ∗nA is the critical stress for growth in the non-aged sample and α is
a constant.
Upon ageing of the rolled alloy the stress required for twin growth increases
to σ∗A (Table 6.5). It is assumed that Nv remains constant with applied
stress. That means, the nucleation number density is assumed to remain
constant in both non-aged and aged alloys, for a ﬁxed value of applied stress.
The volume fraction of twins in the non-aged alloy to a ﬁrst approximation
can be approximated by a power law [40, 41, 57]. Let Vf = Kσ
n
app. From
Eq. 6.1, the volume number density of twins, Nv, which is assumed here to
be independent of ageing, can be written as:
Nv(σapp) =
Kσn
α(σapp − σ∗nA)
(6.2)
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Now, the volume fraction of twinning for the aged alloy from an equivalent
version of Eq. 6.1 is:
V agedf = α
Kσnapp
α(σapp − σ∗nA)
· (σapp − σ∗A)
= Kσnapp ·
(σapp − σ∗A)
σapp − σ∗nA
(6.3)
The calculated twin volume fraction (Vf and V
aged
f ) from Eqs. 6.1 and 6.3
are overlayed in Figures 6.14b and c respectively for rolled and extruded
alloys. The data for the non-aged alloys were simulated using K = 1× 10−9
and n = 3.96 and 3.79 respectively for rolled and extruded alloys. The
values of σnA were taken as 100 and 110 MPa respectively for the rolled and
extruded alloys, and σ∗A was adjusted to 140 and 165 MPa respectively to
obtain the ﬁt evident in Figure 6.14.
Figure 6.14 shows that the data can be explained by assuming precipitation
only aﬀects twin growth. However, a full test of this hypothesis would
require careful characterization of twin number densities, which is beyond
the scope of the present study.
6.9.2.3 Eﬀect of precipitates on the relative hardening of twin
and basal slip CRSS
In the non-aged condition, the lattice stress in the (0002) grains is the
same as the applied stress at least until the macroscopic yielding. Above
the macroscopic yielding, depending on texture, the strains in the extruded
alloy are slightly relaxed, while the rolled alloy still experiences the same
stress as in the sample. In the presence of precipitates, the back stresses
produced by the precipitates change the local stress state in the grains.
Despite the slight changes in the stresses in (0002) grains, we can assume
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that the stress in the (0002) grains is still the same as the applied stress due
to their orientation with respect to the applied load.
Upon ageing, the CRSS for both basal slip and twinning increased. However,
the relative change in the CRSS of basal slip and twin, ΔCRSSt
ΔCRSSb
, is of interest.
Parent-basal plate precipitates in AZ91 are not expected to harden the basal
slip in the matrix much, but following twinning they can eﬀectively block
the basal slip in the twin [82, 83]. Robson et al. [83] based on the Orowan
hardening analysis inferred that higher increase in the ΔCRSSb, will lead
to high back stresses to be sustained in the twin. This leads to the increase
in stress required for the growth of the nucleated twin. From the current
results, it was found that the ratio of ΔCRSSt
ΔCRSSb
is 4.1 for rolled alloy and 2.2
for extruded alloy. This CRSS increment ratio from the rolled alloy is in
a good agreement with Stanford et al. [11] despite the diﬀerences in grain
sizes.
A value greater than unity for the increment ratio suggests that the twin is
hardened more than the basal slip. Further the increment ratio for extruded
alloy is less than in the rolled alloy. This suggests that the basal slip was
hardened more in extruded alloy than the rolled alloy. Consequently more
back stresses can be sustained in the extruded alloy. This probably would
have lead to an increased stress in the matrix and therefore more nucleation
events as evident by the volume fraction changes seen in the Figure 6.14c.
The stress state in the grains varies based on the orientation of the
precipitates with respect to the applied load. In order to understand
the back stresses by precipitates that are acting in diﬀerent grains, the
measurement of the full stress tensor is necessary. However, due to the
limitations on the current experiment geometry, only the normal component
of the stress is possible. Alternatively, crystal plasticity modelling which
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considers the texture and orientation of the precipitates and matrix phases
is necessary to explain the complex interaction between the precipitates and
the matrix in these alloys.
6.10 Summary and Conclusions
In this Chapter, the lattice strain evolution during tension along ND of rolled
alloy and alond radD of extruded alloy is studied using in-situ transmission
X-ray diﬀraction. Based on the evolution of the lattice strains and the
intensities with applied stress, the hardening of the CRSS for basal slip and
10% twinning was determined. The following conclusions can be made.
1. The ageing of the rolled alloy resulted in an increase in the CRSS for
basal slip by ∼ 6.5 ± 2 MPa and 17 ± 2 MPa in rolled and extruded
alloys respectively.
2. The CRSS for the 10% tensile twinning was increased by ∼ 26.5 ±
4 MPa and 37 ± 5 MPa respectively for rolled and extruded alloys
estimated by the lattice stress in (0002) grains at 10% drop in their
intensity.
3. The twin volume fraction in (0002) grains remains relatively the same
with increase in the plastic strain in both rolled and extruded alloys.
However, the stress required for twinning increased upon ageing of the
AZ91 alloy. Moreover, the rate of increase of twin numbers is rapid in
the presence of precipitates (aged alloy).
4. Using an analytical model, it was explained that the twins are mainly
growth limited in the presence of precipitates. However a careful
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investigation of twin number densities is required which is beyond
the scope of the current work.
5. The CRSS increment ratios from the current experiments are in good
agreement with the Orowan strengthening predictions by Stanford et
al. [11] despite the grain size diﬀerences in the two studies. The CRSS
increment ratio in the extruded alloy (∼ 2.2) is less than the rolled
alloy (∼ 4.1) probably due to more hardening of basal slip in extruded
alloy driven by the extrusion texture.
Chapter 7
Conclusions and Future Work
7.1 Conclusions
Instrumentation development and optimised data processing methodologies
outlined in this thesis have led to a new laboratory X-ray diﬀraction
capability for ‘in-situ‘ Mg alloy testing. This new laboratory based
transmission diﬀraction technique provided us with the ability to perform
in-situ lattice strain measurements on a far more regular basis than is
possible at large scale synchrotron and neutron facilities.The main focus of
the work was on the direct measurement of the elastic lattice strain evolution
in alloys subject to common wrought processing schemes including extrusion
and rolling. The key conclusions from this work are summarised ﬁrstly in
terms of the XRD methodology and its capabilities. Secondly, the principle
ﬁndings for slip and twin evolution within the Mg alloys are examined.
• The ability to be able to perform in-situ studies in transmission mode
for Mg alloys using standard Cu Kα X-rays have been demonstrated.
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• A polycapillary optic was utilised to produce a semi-parallel beam for
transmission diﬀraction experiments. Individual peaks were measured
in θ − 2θ scanning mode for counting times scaled so as to attain a
good signal to noise ratio in the measured diﬀraction peak.
• A methodology for data collection and analysis were developed to
process the transmission XRD proﬁles. The optimised proﬁle ﬁtting
procedures were validated by comparing the unit cell parameters
obtained in transmission geometry with the reﬂection geometry. A
maximum uncertainty of 0.8× 10−4 was achieved between the lattice
spacings measured in transmission and reﬂection geometries.
• With the optimised proﬁle ﬁtting procedures, a strain resolution better
than 2 × 10−4 was achieved for loading. This provided a means to
perform incremental in-situ tensile tests with a loading step size as
low as 10 MPa.
Application of Bragg scattering was used to measure elastic lattice strain
evolution parallel to the loading direction. Tests were performed along radD
of extruded alloys and ND of rolled alloys to study the CRSS for basal slip
and tensile twinning events in AZ31 and AZ91 alloys. Important ﬁndings
are listed below.
• The sample texture enables the measurement of strain evolution in
(0002), (1010), (1011), (1012), (1120) and (1013) reﬂections.
• The CRSS for basal slip was calculated from inﬂection points in the
(1013) and (1012) lattice strain data with applied load. In the AZ31
alloys, the CRSS for basal slip varied in the range of 32-37 MPa in
extruded and 20-24 MPa in rolled alloys. Upon ageing of the AZ91
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alloys, the CRSS for basal slip increased by ∼ 6 MPa in rolled and
17 MPa in the extruded AZ91 alloys.
• Stress in the twins at onset was measured. In AZ31 alloys, twins
were formed with approximately zero lattice strains, whereas in AZ91
alloys, they were relaxed with non-zero lattice strains. In either case,
the twin stress followed the same sign as applied load. It was found
however, that the uncertainty in the lattice strain is compromised due
to the low intensity of the twin reﬂection at its onset.
• The CRSS for twinning was calculated from the applied stress based
on a 10% drop in the intensity of the parent (0002), (1013) and (1012)
reﬂections. The maximum CRSS for twinning is ∼ 58 and 40 MPa
respectively for grain sizes 6 and 20 μm in extruded and rolled AZ31
alloys.
• The apparent CRSS for twinning is reduced in the less favoured
orientations for twinning. This was possibly caused by basal slip in
those grains promoting twin nucleation.
• The lattice stress in (0002) grains in AZ31 alloys is nearly the same as
the applied stress, attributed to the alignment of the c−axis in (0002)
grains parallel to the loading direction. The lattice stress, however,
appears to be slightly aﬀected by the presence of precipitates in aged
AZ91 alloys. This was caused by the eﬀect of back stresses generated
by the precipitates and forward stresses by the neighbouring grains.
The CRSS calculated from the lattice stress at 10% drop in intensity
of (0002) grains increased by 26 and 37 MPa respectively for rolled
and extruded alloys upon ageing. These values are in close agreement
with the literature.
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• An interesting observation has been made with respect to the volume
fraction of twinning in (0002) grains. It was observed that the twin
volume fraction remains relatively unchanged with plastic strain in all
the AZ31 and AZ91 alloys studied. However, the stress required for
twinning was increased in the aged AZ91 alloys.
• It was also observed that once the twinning begins it progresses more
rapidly with stress in aged alloys than in the non-aged alloys.
• Another important ﬁnding from the current study is the relative
hardening of CRSS for basal slip and twinning. The CRSS increment
ratio of twinning over basal slip was found to be 4 in rolled alloys and
2.2 in extruded AZ91 alloys. The values obtained from the in-situ
measurements here are in good agreement with those obtained from
the compressive stress-strain data in literature. The lower value for
extruded alloy suggests that more back stresses can be sustained in
twins.
• An analytical model was used to explain the twin volume fraction
changes in the aged alloys. By assuming that the nucleation number
density of twins remains constant in both the non-aged and aged
alloys, the twin volume fraction changes with applied stress can be
adequately understood in terms of retarded growth.
7.2 Future work
In the process of developing the transmission diﬀraction technique to
perform in-situ deformation studies, we had to overcome several problems.
With this experience, there is a scope for further work in both the technique
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development and most importantly future materials testing. Some of these
potential points of further interest are outlined below.
• An empirical approach was used in the calibration of the instrument
and to model the transmission diﬀraction proﬁles. There is a scope
for development of analytical methods based on the transmission
geometry.
• The low X-ray attenuation coeﬃcient of Mg alloys was utilised to
perform a transmission X-ray diﬀraction experiment using Cu Kα
X-rays. The high energies that can be achieved using Mo X-rays can be
exploited in the laboratory diﬀractometer to extend the in-situ studies
to conventional materials where twinning and slip are encountered
(e.g. Ti alloys, shape memory alloys).
• Extension of the current capabilities to perform an in-situ compression
experiment on a suﬃciently thick samples using Mo X-rays and at
elevated temperature.
• There is also scope for performing in-situ deformation studies at
elevated temperature.
• A systematic investigation of the eﬀect of grain size on twin stress at
the onset and evolution of volume fraction of twinning with applied
deformation would potentially address the impact of twin Lu¨dering
observed in ﬁne grain sizes and its eﬀect on the twin nucleation density
[142].
• A comparative study of the XRD results with EBSD could be used to
address the twin variant selection according to grain orientations.
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• Perform transmission diﬀraction from an increased diﬀracting volume
to apply the technique to a broader grain size distribution. This could
be done by employing the Mo X-rays in the diﬀraction.
• There is a potential for the alloy development by performing sequential
testing of alloys in the laboratory environment to understand the role
of precipitates in the micro-mechanical deformation of Mg alloys.
• Finally, development and correlation of experimental data with crystal
plasticity models to describe twin relaxation as seen in the presence
of precipitates.
Appendix A
Deﬁnitions of proﬁle ﬁtting
functions
A.1 Gaussian function
The Gaussian function is deﬁned by
G(x) =
g1
fwhm
e
(
−g2x2
fwhm2
)
(A.1)
Where, g1 = 2
√
2 ln(2)/π and g2 = 4 ln(2).
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A.2 Lorentzian function
The Lorentzian function is deﬁned by
L(x) = ( l1
fwhm
)/(
1 + l2x2
fwhm2
) (A.2)
where l1 = 2/π, l2 = 4.
A.3 Pseudo-voigt function
The Pseudo-voigt function is deﬁned as a linear combination of Gaussian
and Lorentzian function given by
PV = ηL(x) + (1− η)G(x) (A.3)
Appendix B
Instrumental parameters for
reﬂection and transmission
geometries
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Instrument parameter Fixed\reﬁned value Description
X-ray source width 0.501844 for Kα1 ,
0.626579 for Kα2
(Fixed)
Fixed widths of the Kα1
and Kα2 peaks
Axial divergence Lx = 12, Ly = 15,
Lr = 30 and soller
slits. (Reﬁned Lr)
Low angle asymmetry.
Fixed Lx, Ls and soller
slits and reﬁned Lr
Divergence 1◦ (Fixed) Low angle asymmetry
Slit width 0.1 mm (Fixed) Hat function about 2θ
LP factor 26.55 (Fixed Intensity correction
for graphite
monochromators
Tube tails 0.4 (Fixed),
Reﬁned peak tails:
-0.85476, 1.90683
and 0.01580
Fixed source width and
reﬁned eﬀective widths
of source on sample and
fractional width
Sample displacement Reﬁned Displacement of sample
along scattering vector
Zero error Reﬁned Constant over 2θ
Table B.1: Reﬁned instrument parameters for reﬂection geometry.
Parameter Value
Caglioti
U 0.0436
V -0.00141
W 0.09974
AOR
Slope 0.00012
Intercept 0.00241
Table B.2: The reﬁned broadening and oﬀset values for the sample
position X = 0 and Y = 0.
Appendix C
User-deﬁned Macros in TOPAS
C.1 Caglioti equation
macro Cagliotti(u,uv,v,vv,w,wv)
{
#m argu u
#m argu v
#m argu w
If Prm Eqn Rpt(u,uv, min 0)
If Prm Eqn Rpt(v,vv, max 0)
If Prm Eqn Rpt(w,wv, min 0)
gauss fwhm = Sqrt( Abs( CeV(u,uv) Tan((Th))ˆ2 + CeV(v,vv) Tan((Th))
+ CeV(w,wv) ) );
}
Here ′u′, ′v′ and ′w′ are the arguments and ′uv′, ′vv′ and ′wv′ are the
corresponding values. ′u′ and ′w′ are deﬁned to have positive values and
the maximum value ′v′ can have is zero. ′Th′ is the Bragg angle and the
keyword ′gauss fwhm′ deﬁnes the fwhm of the gaussian proﬁle function.
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C.2 Axis of rotation
macro oﬀset linear(slope,m,intercept,c1)
{
#m argu slope
#m argu intercept
If Prm Eqn Rpt(slope, m, min -1 max 1)
If Prm Eqn Rpt(intercept, c1, min -1 max 1)
th2 oﬀset = (CeV(slope,m) (Th) + CeV(intercept,c1));
}
Where ′Th′ is peak position in Pawley method; intercept and slope are
reﬁned oﬀset values from 2θstd. The keyword
′th2 offset′ deﬁnes the oﬀset
in ◦2θ.
Appendix D
Estimating the macroscopic
strain for in-situ tensile test
The macroscopic strain during in-situ tensile testing was estimated by
comparing the macroscopic stress-extension plots obtained from instron
tensile test and the in-situ test. A video extensometer attached to the
instron tensile tester was used to measure the accurate strain on the
sample during the tensile test. Figures D.1 and D.2 shows the macroscopic
stress-extension plots obtained from instron and in-situ tensile testing. It
is clear from the plots that the stress-extension plots from the two tests are
approximately the same. Therefore a correction was applied to estimate the
macroscopic strain from the in-situ tensile data by comparing strains from
the instron tensile testing.
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Figure D.1: Comparison of macroscopic stress plotted against a)
Extension and b ) macroscopic strain for instron and in-situ tensile
testing.
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Figure D.2: Comparison of macroscopic stress plotted against a)
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testing.
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